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Abstract 

Transition-metal (TM) carbides are an important class of hard, protective coating 

materials; however, their brittleness often limits potential applications. We use density 

functional theory to investigate the possibility of improving ductility by forming 

pseudobinary cubic M1M2C alloys, for which M1 = Ti or V and M2 = W or Mo. The 

alloying elements are chosen based on previous results showing improved ductility of the 

corresponding pseudobinary nitride alloys with respect to their parent compounds. While 

commonly-used empirical criteria do not indicate enhanced ductility in the carbide alloys, 

calculated stress/strain curves along known slip systems, supported by electronic 

structure analyses, indicate ductile behavior for VMoC. As VMoC layers are sheared 

along the 〈11̅0〉 direction on {111} planes, the stress initially increases linearly up to a 

yield point where the accumulated stress is partially dissipated. With further increase in 

strain, the stress increases again until fracture occurs. A similar mechanical behavior is 

observed for the corresponding TM nitride VMoN, known to be a ductile ceramic 

material.[1] Thus, our results show that VMoC is a TM carbide alloy which may be both 

hard and ductile, i.e. tough. 
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1. Introduction 

The development of coatings possessing high hardness has been a key focus in 

materials science during the past few decades. [2] Hard coatings are commonly deposited 

on industrial components including architectural glass, tools, dies, and engine parts to 

provide scratch, thermal, oxidation, corrosion, abrasion, and wear resistance under 

extreme conditions, thereby enhancing component lifetimes and reducing costs. [3] 

Transition-metal (TM) carbides are among the hardest known compounds, with several 

binary carbides having hardnesses from 20 to 29 GPa. [4] In addition, TM carbides have 

very high melting points Tm, ranging up to ~3983 °C for TaC. [4]  

Increased hardness in ceramics has been achieved using a variety of approaches, 

all of which aim to reduce dislocation mobility. Examples include synthesis of nanoscale 

composites [5–7] and vacancy-induced hardening. [8–12] An additional method for 

improving hardness is tuning the valence-electron concentration (VEC) by alloying. It 

was shown by Jhi et al. [13] that a VEC of 8.4 yields maximum hardness in cubic 

single-crystal TM nitride and carbide alloys, as shear resistant metal-N/C d-p electronic 

states are fully occupied, while metallic d-d states are unoccupied. Hugosson et al. [14,15] 

employed VEC tuning to set the cubic and hexagonal structures of TM nitride and carbide 

alloys to equal energies, thus promoting the formation of stacking faults which increase 

hardness by hindering slip across the faults.  

Hard materials typically do not provide facile response to plastic deformation. 

This limits their ability to dissipate stresses by plastic flow, and results in crack formation 

and propagation leading to brittle failure. Ceramics, such as TM nitrides and carbides, are 

inherently brittle. [16,17] Consequently, modern hard ceramic thin-film coatings are 

prone to brittle failure, especially during use on cutting tools. [18,19] For applications, it 
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is thus a priority to design coating materials which, in addition to being hard, are also 

ductile. The combination of hardness and ductility in a material is referred to as 

toughness.  

In previous ab initio studies, [20,21] we predicted that ordered cubic 

Ti0.5Mo0.5N, Ti0.5W0.5N, V0.5Mo0.5N, and V0.5W0.5N alloys are not only harder, but also 

significantly more ductile than their parent binaries, TiN and VN. This was explained as 

being due to an increased VEC leading to higher occupancy of metallic states at the Fermi 

level. The higher VEC not only preserves the strong Me-N bonds found in TM nitride 

binaries, but enables the formation of stronger Me-Me bonds compared to parent TiN and 

VN compounds. Overall, higher VEC values lower shear resistance and promote 

dislocation glide, thus leading to increased ductility. The effect was shown to occur 

irrespective of the degree of ordering on the metallic sublattice. [22] 

Experimental verification of the above predictions was recently provided by 

synthesis and physical property determinations of cubic single-crystal V0.5Mo0.5Ny (0.55 

< y < 1) thin films. [1,12] Stoichiometric VMoN alloys were found to be harder than VN, 

[1] and the hardness of VMoNy films increased monotonically by reducing the N content 

y from 1 to 0.55. [12] Moreover, severe nanoindentation tests using a sharp cube-corner 

tip penetrating 1000 Å into the substrate demonstrated that, while VN and TiN films 

exhibit extensive crack formation, V0.5Mo0.5N films never crack. [1,12] In fact, indented 

VMoN samples display material pile-up, due to plastic flow, in regions adjacent to the 

indents; a behavior which is characteristic of ductile materials. As-deposited VMoN films 

grown at Ts > 700 °C exhibited no evidence of ordering on the metal sublattice; in 

contrast, V0.6W0.4N films grown at 600 °C and 700 °C exhibited a CuPt-type structrure 

on the metal sublattice with alternating V-rich and W-rich planes along <111> [23]  
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Here, we report the results of ab initio density functional theory (DFT) 

calculations and electronic structure analyses investigating the effects of VEC tuning on 

ductility enhancements in TiC- and VC-based cubic pseudobinary solid solutions, 

through alloying with WC and MoC. We calculate alloy free energies of formation as a 

function of metal composition, surface formation energies, elastic constants, and estimate 

hardness via models based on first-principles results. We also determine stress/strain 

curves along the {110}〈11̅0〉 and {111}〈11̅0〉 slip systems, which have been shown to be 

operative in TM carbides at room temperature, [24,25] in order to probe ductility 

enhancement in these pseudobinary systems. 

2. Computational details 

The Vienna ab initio simulation package (VASP) [26] is used to perform DFT 

calculations within the generalized gradient approximation of Perdew, Burke, and 

Ernzerhof (GGA-PBE). [27] Electron/ion interactions are described using projector-

augmented wave potentials (PAW), [28] and total energies are minimized and converged 

to within 10-5 eV/atom using an energy cut-off of 500 eV for the plane-wave basis set. In 

all bulk structure calculations, the Brillouin zone is sampled following the 

Monkhorst-Pack scheme, [29] whereas slab calculations for determining surface energies 

are performed using k-point meshes centered at the Γ-point. We use k-point grids of 

varying density (specified below) depending upon the material property investigated. 

Formation energies for cubic M1
1-xM

2
xC solid solutions are calculated across the 

full composition range, 0 ≤ x ≤ 1, using the expression  

 ∆𝐸𝑐𝑢𝑏 𝑀1−𝑥
1 𝑀𝑥

2𝐶 = 𝐸𝑐𝑢𝑏 𝑀1−𝑥
1 𝑀𝑥

2𝐶 − (1 − 𝑥)𝐸𝑐𝑢𝑏 𝑀1𝐶 − 𝑥𝐸𝑐𝑢𝑏 𝑜𝑟 ℎ𝑒𝑥 𝑀2𝐶, (1) 
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in which x is the fraction on the metal sublattice occupied by M2 and E is the energy per 

atom. E values are obtained directly from VASP output using 6x6x6 k-point meshes and 

64 atoms arranged in the  NaCl-structure (space group 𝐹𝑚3̅𝑚 [30]) and the hexagonal 

WC-structure (space group 𝑃6̅𝑚2 [31]) for the reference binaries M1C and M2C, 

respectively. Energies per atom for pseudobinary carbides are calculated using 4x4x4 k-

points with atoms in the special quasi-random structure (SQS). [32,33] The number of 

atoms n in our supercells is 64 for alloys with M2 concentrations x = 0.125, 0.375, 0.625, 

and 0.875. For alloys with x = 0.25, 0.5, and 0.75, n = 48 atoms.  

The Gibbs free energy of formation for the pseudobinary carbides at 

temperature T is estimated by adding the configurational entropy contribution (per atom) 

within the mean-field approximation [34]:  

 𝑇𝑆 = −0.5𝑘𝐵𝑇(𝑥 ln 𝑥 + (1 − 𝑥) ln(1 − 𝑥)). (2) 

Elastic constants C11, C12, and C44 and bulk, shear, and Young’s moduli (B, G, 

and E) are obtained by fitting calculated strain energy versus strain δ curves, with |𝛿| ≤

0.005. For disordered systems, which do not have cubic symmetry, the projected cubic 

elastic constants, obtained as averages following the method described in [22] and [35] 

are: 

𝐶1̅1 =
𝐶11+𝐶22+𝐶33

3
, (3) 

𝐶1̅2 =
𝐶12+𝐶13+𝐶23

3
, (4) 

𝐶4̅4 =
𝐶44+𝐶55+𝐶66

3
. (5) 

Isotropic elastic moduli, shear moduli, and Poisson ratios reported here are 

determined based upon the Voigt-Reuss-Hill approach [36]. For these calculations, the 
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parent binary M1C compounds have the NaCl (B1) structure, while the pseudobinary 

M1
0.5M

2
0.5C alloys are arranged in both 64-atom cubic ordered C#3 structures [37] and 

disordered 128-atom SQS structures. The C#3 structure consists of alternating (111) 

metal sublattice planes containing M1:M2 fractions of 3:1 and 1:3, respectively. It is 

closely related to the CuPt-ordered structure in binary metals [38], as well as  TiWN [39] 

and VWN [23] solid solutions, which consist of alternating {111} cation planes that are 

either primarily  M1 or primarily M2. However, while the CuPt structure is rhombohedral, 

the C#3 structure is cubic. The SQS structure is designed to minimize short-range metal-

metal position correlations among neighboring shells in order to simulate disordered solid 

solutions.  

Binary and pseudobinary carbide hardnesses are estimated following the model 

proposed by Šimůnek. [40] For a binary compound, 

 𝐻 = (
𝛼

𝛺
) 𝑏12𝑠12𝑒−𝜎𝑓2 , (6) 

for which b12 is the number of bonds between atoms of types 1 and 2 in a unit cell of 

volume Ω; α ( = 1450) and σ ( = 2.8) are fitted parameters. The factor s12 describes the 

bond strength and is defined as 

 𝑠12 =
√𝑒1𝑒2

𝑛1𝑛2𝑑12
, (7) 

in which e is the ratio between the number of valence electrons and the atomic radius, 

obtained from reference [41], n is the coordination number (for the NaCl structure, n = 

6), and d12 is the bond length between atoms 1 and 2. The factor f2 in equation (3) is 

defined as  
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 𝑓2 = (
𝑒1 − 𝑒2

𝑒1 + 𝑒2
)

2

. (8) 

For a pseudobinary compound, hardness is expressed as the geometric mean of the two 

binary compounds: 

 𝐻 = (
α

𝛺
) 2√𝑏12𝑠12𝑏34𝑠34𝑒−𝜎𝑓4 , (9) 

with  

 𝑓4 = 1 − [
4(𝑒1𝑒2𝑒3𝑒4)

1
4

𝑒1 + 𝑒2 + 𝑒3 + 𝑒4
]

2

. (10) 

   

Additionally, we also calculate hardness according to the methods suggested by Chen et. 

al [42] and Tian et. al [43], which give the hardness as  

 𝐻 = 2(𝑘2𝐺)0.585 − 3 (11) 

and  

 𝐻 = 0.92𝑘1.137𝐺0.708, (12) 

respectively, with k = G/B. 

Surface energies are determined from the expression 

 𝐸𝑠𝑢𝑟𝑓 = 0.5 ∗ (𝐸𝑠𝑙𝑎𝑏 − 𝐸𝑏𝑢𝑙𝑘)/𝑆, (13) 

for which Eslab is the energy of a (100)-, (110)-, or (111)-oriented surface slab, Ebulk is the 

energy of an equivalent slab in bulk M1M2C, and S is the slab surface area. The factor 0.5 

arises due to the fact that each slab has two surfaces. Since stoichiometric 111-oriented 

TM carbide slabs are polar, calculated 111 surface energies are averaged over metal- and 

carbon-terminated surfaces, and calculated accounting for dipole corrections which 
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eliminate the discontinuity in the electrostatic potential at supercell vertical boundaries, 

as described in [44]. For pseudobinary alloys, surface energies are calculated with metal 

ions distributed randomly on the metal sublattice as well as in the C#3 arrangement. In 

the latter case, the surface energy is calculated for both M1-rich and M2-rich terminations. 

(100)- and (110)-oriented slabs consist of 4x4x4 atoms and six layers of vacuum, while 

(111)-oriented slabs with random metal distributions have 3x4x6 atoms and nine vacuum 

layers. To capture the (111) ordering in the C#3 structure, (111)-oriented slabs consist of 

4x2x12 atoms and 18 vacuum layers. The Brillouin zone is sampled with 3x3x1 k-point 

grids when calculating Eslab. 

Stress/strain curves are obtained by sequentially straining the binary and 

pseudobinary carbides at intervals of 1% up to a maximum of 20% strain along the 

{110}〈11̅0〉 and {111}〈11̅0〉 slip systems. During each step, all ions are allowed to fully 

relax while maintaining the supercell shape fixed. A detailed description of our approach 

for carrying out the stress/strain calculations and for our choice of supercell 

configurations can be found in reference [45]. The Brillouin zone is sampled using 4x4x4 

k-points. For the {111}〈11̅0〉 slip system in VC and VWC, the VASP flag SYMPREC, 

which determines the accuracy of ion positions, was reduced to 1x10-6 in order to reach 

convergence. 

3. Results and discussion  

3.1 Formation energies 

Pseudobinary TM carbide formation energies, calculated at T = 0 K, for 

SQS structures with respect to the energies of constituent binaries,  are presented in Figure 

1. The energies per atom determined for the two reference binary compounds are 

presented in Table 1. All pseudobinary formation energies are obtained with respect to 
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mixing cubic M1C with both cubic M2C and hexagonal M2C binary carbides (see equation 

(1)). The results show that 0 K formation energies for all cubic pseudobinary alloys are 

negative with respect to their cubic parent compounds, over the entire composition range, 

indicating thermodynamic stability against phase separation into cubic M1C and M2C 

phases. In contrast, formation energies at 0 K for cubic pseudobinary carbide alloys 

(except highly Ti-rich TiWC) are positive with respect to mixing cubic M1C and 

hexagonal M2C, indicating that phase separation into cubic M1C and hexagonal M2C is 

thermodynamically favored. However, the precipitation of hexagonal M2C in a cubic 

M1M2C host lattice is expected to be preceded by M1M2C decomposing via a spinodal 

mechanism into cubic M1C and M2C, which is not thermodynamically favored. 

Consequently, our results indicate metastable cubic ternary carbide alloys can be 

synthesized by highly non-equilibrium methods such as physical vapor deposition. 
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Figure 1. Formation energies ΔE at 0 K of SQS-structure (a) TiWC, (b) TiMoC, (c) VWC, 

and (d) VMoC as a function of alloy compostion. The blue symbols indicate formation 

energies calculated with respect to cubic (Ti,V)C and (W,Mo)C, whereas the red symbols 

indicate formation energies with respect to cubic (Ti,V)C and hexagonal (W,Mo)C. 
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 Energy/atom  

[eV/atom] 

B1 Hexagonal WC structure 

TiC 

VC 

WC 

MoC 

-9.263 

-9.472 

-10.802 

-9.873 

- 

- 

-11.260 

-10.180 

Table 1. Calculated energies per atom at T = 0 K for reference binary TM carbide 

compounds. 

 

TiWC thin films have previously been synthesized between ~5 and ~36 at.% 

W on the metal sublattice using chemical vapor deposition at a temperature Ts = 1323 K. 

[46] Calculated Gibbs free energies of formation for cubic Ti1-xWxC, as well as Ti1-

xMoxC, V1-xWxC, and V1-xMoxC, vs. x at 1323 K are presented in Figure 2. The entropic 

term, equation (2), decreases the free energy of formation below values calculated at 0 K, 

which results in Ti-based cubic solid solutions having negative Gibbs’ free energies of 

formation relative to hexagonal M2C at low M2C concentrations, indicating 

thermodynamic stability at Ts = 1323 K with M2C fractions below 25 mole% for TiM2C. 

Since the analysis of the mechanical properties of these compounds focuses on 

M1
0.5M

2
0.5C alloys in 64-atom C#3 and 128-atom SQS structures, we also calculate 

formation energies at T = 0 K and formation Gibbs’ free energies at T = 1323 K using 

these supercells. The results are presented in Table 2. 
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Figure 2. Gibbs’ formation free energies ΔG at 1323 K of SQS-structure (a) TiWC, (b) 

TiMoC, (c) VWC, and (d) VMoC. The blue symbols indicate ΔG values calculated with 

respect to cubic (Ti,V)C and (W,Mo)C. The red symbols indicate ΔG values with 

respect to cubic (Ti,V)C and hexagonal (W,Mo)C. 
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Atomic  

Arrangement 

Formation energy 

[eV/atom] 

Relative to cubic M2C Relative to hexagonal M2C  

0 K 1323 K 0 K 1323 K 

Ti0.5W0.5C 

Ti0.5W0.5C 

Ti0.5Mo0.5C 

Ti0.5Mo0.5C 

V0.5W0.5C 

V0.5W0.5C 

V0.5Mo0.5C 

V0.5Mo0.5C 

C#3 

SQS 

C#3 

SQS 

C#3 

SQS 

C#3 

SQS 

-0.158 

-0.137 

-0.102 

-0.080 

-0.048 

-0.051 

-0.015 

-0.008 

-0.198 

-0.178 

-0.142 

-0.121 

-0.181 

-0.178 

-0.055 

-0.049 

0.072 

0.092 

0.052 

0.073 

0.181 

0.178 

0.139 

0.145 

0.031 

0.051 

0.011 

0.033 

0.141 

0.137 

0.098 

0.105 

Table 2. Calculated formation energies (T = 0 K) and formation Gibbs’ free energies  

(T = 1323 K) for C#3 and SQS structure M1
0.5M

2
0.5C alloys. 

 

(100), (110), and (111) surface energies for M1
0.5M

2
0.5C alloys and the 

parent compounds TiC, VC, and MoC are listed in Table 3. The pseudobinary surface 

energies are obtained for both a random metal atom distribution and C#3 ordering. The 

polar (111) surface energies correspond to an average of metal and C terminations. In all 

cases, pseudobinary TM carbide surface energies are slightly lower than for the 

corresponding parent binaries TiC and VC, and higher than for MoC, but follow the same 

trend: (100) has the lowest surface energy, followed by (110), with (111) being the 

highest. Comparing the surface energies of M1- and M2-rich (111) terminations for the 

C#3 structure shows that M2-rich terminations result in higher surface energies, indicative 

of stronger M2-C than M1-C bonds, with the difference being greatest for M1 = Ti. For the 

(111) surface, values are presented with and without dipole-moment corrections. In slabs 

with random metal distributions, accounting for the dipole correction decreases the 

surface energy by approximately 0.2%. Because the C#3-structured slabs require more 

layers, the magnitude of the dipole correction is significantly smaller. With M1 = Ti, 

including, or ignoring, the dipole correction does not alter the result to the third decimal 

place; thus, only one value is presented. 



14 

 

 Surface energies [J/m2] 

(100) (110) (111) 

TiC 1.629 3.459 5.525*, 5.536 

VC 

MoC 

1.201 

0.849 

2.988 

1.789 

4.370*, 4.380 

2.827 

Ti0.5W0.5C – random 

Ti0.5W0.5C – C#3 

1.280 

1.337 

2.997 

2.960 

3.742*, 3.751 

3.665Ti, 4.525W 

Ti0.5Mo0.5C – random 

Ti0.5Mo0.5C – C#3 

1.224 

1.254 

2.915 

2.852 

3.767*, 3.776 

3.754Ti, 4.401Mo 

V0.5W0.5C – random 

V0.5W0.5C – C#3  

1.071 

1.129 

2.531 

2.533 

3.060*, 3.066 

3.267V, 3.552W*,3.555W 

V0.5Mo0.5C – random 

V0.5Mo0.5C – C#3 

1.010 

1.021 

2.462 

2.428 

3.167*, 3.175 

3.406V, 3.460Mo*, 3.464Mo 

Table 3. Calculated relaxed surface energies for pseudobinary TM-carbide alloys and 

parent binary compounds. The (111) surface energies indicated with superscripts, 

corresponding to metal surface terminations, are C#3 ordered; values labelled with 

asterisks account for dipole corrections (see text).  

 

3.2 Elastic properties 

The elastic properties of M1
0.5M

2
0.5C alloys and the parent binary 

compounds TiC and VC are listed in Table 4. For TiC-based pseudobinary alloys, other 

than SQS Ti0.5Mo0.5C, the bulk modulus B increases by approximately 14-20% upon 

alloying with M2C, indicating enhanced strength. The elastic and shear moduli, E and G, 

also increase upon alloying, and the Poisson ratio v decreases; all results are indicative of 

enhanced stiffness. The exception to these trends is SQS-disordered Ti0.5Mo0.5C. For this 

structure, E, G, and v are essentially unchanged with respect to the values obtained for 

TiC. Calculated hardnesses, obtained using the Šimůnek method and presented in Table 

5, show an increase in TiC-based pseudobinaries, compared to TiC, of approximately 

16%, consistent with increases in elastic and shear moduli, as well as the reduction in the 

Poisson ratio. The Chen and Tian methods do not show a corresponding increase, instead 

they predict hardnesses comparable to TiC. 
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Atomic 

arrangement 

B 

[GPa] 

E 

[GPa] 

G 

[GPa] 
v 

𝐶4̅4 

[GPa] 

𝐶1̅1 

[GPa] 

𝐶1̅2 

[GPa] 

𝐶1̅2 − 𝐶4̅4 

[GPa] 
G/B 

TiC B1 270 445 182 0.317 165 550 130 -35 0.674 

VC B1 318 523 222 0.285 185 706 124 -61 0.698 

MoC B1 352 416 167 0.329 126 691 182 56 0.476 

Ti0.5W0.5C C#3 324 526 224 0.283 184 725 124 -60 0.691 

Ti0.5W0.5C SQS 312 474 196 0.305 172 632 152 -19 0.628 

Ti0.5Mo0.5C C#3 308 481 200 0.302 171 644 140 -31 0.648 

Ti0.5Mo0.5C SQS 295 442 180 0.318 163 575 155 -7 0.610 

V0.5W0.5C C#3 338 482 200 0.302 169 681 167 -2 0.592 

V0.5W0.5C SQS 328 465 192 0.309 161 659 162 1 0.584 

V0.5Mo0.5C C#3 332 469 194 0.307 164 663 167 3 0.583 

V0.5Mo0.5C SQS 317 454 186 0.313 156 637 158 1 0.586 

Table 4. Calculated mechanical properties for pseudobinary M1
0.5M

2
0.5C carbide alloys and their parent compounds. B, E, and G are the 

bulk, elastic, and shear moduli; ν is Poisson’s ratio, and 𝐶4̅4, 𝐶1̅1, and 𝐶1̅2 are the fundamental cubic elastic constants. 
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 Atomic 

arrangement 

H 

[GPa] 

Simunek Chen Tian 

TiC B1 16.3 23.5 23.4 

VC B1 25.6 28.0 28.0 

MoC B1 22.8 13.7 14.8 

Ti0.5W0.5C C#3 18.9 27.8 27.9 

Ti0.5W0.5C SQS 18.8 22.5 22.8 

Ti0.5Mo0.5C C#3 18.9 23.8 24.0 

Ti0.5Mo0.5C SQS 18.9 20.4 20.7 

V0.5W0.5C C#3 23.7 21.0 21.6 

V0.5W0.5C SQS 23.6 20.2 20.7 

V0.5Mo0.5C C#3 23.9 20.2 20.8 

V0.5Mo0.5C SQS 23.8 19.8 20.3 

Table 5. Calculated hardnesses H of C#3-ordered  and SQS M1
0.5M

2
0.5C pseudobinary 

TM-carbide alloys and their parent compounds. 

 

The bulk modulus of VC-based pseudobinaries also increases with respect 

to the parent VC binary, except for disordered V0.5Mo0.5C for which B is essentially equal 

to that of VC. However, in contrast to TiC-based pseudobinaries, shear and elastic moduli 

decrease compared to the parent VC binary, while the Poisson ratio increases, suggesting 

a reduction in stiffness. Alloy hardnesses calculated using the Šimůnek method are 

reduced compared to VC (Table 5). However, the reduction is relatively small, < 10%, 

and VC-based alloys are predicted to be harder than both TiC and TiC-based 

pseudobinaries. The Chen and Tian methods predict larger reductions, ~25%, suggesting 

that VC-based peudobinaries are softer than TiC and TiC-based pseudobinaries. 

The tendency toward ductility in materials systems is sometimes estimated 

via the empirical criteria of Pugh [47] and Pettifor [48], which associate ductile behavior 

with G/B < 0.5 and a Cauchy pressure (C12-C44) > 0, respectively. Results for the 

M1
0.5M

2
0.5C alloys and parent M1C binaries are presented in Figure 3. Disordered VWC 

and both ordered and disordered lattice arrangements of VMoC are the only 

pseudobinaries which have slightly positive Cauchy pressures, while all compounds 
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exhibit G/B ratios higher than 0.5. However, since these criteria are purely empirical and 

plastic deformation occurs primarily beyond the yield point, a more quantitative 

investigation requires an analysis of stress/strain relationships along active slip systems. 
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Figure 3. Calculated shear-to-bulk moduli (G/B) ratios vs. the Cauchy pressure, (C12-C44), 

of the parent TM carbides TiC and VC and pseudobinary alloys formed with WC and 

MoC. Empirical criteria of Pugh [42] and Pettifor [43] associate ductile behavior with 

G/B < 0.5 and (C12-C44) > 0, respectively. 
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3.3 Stress/strain relationships 

Figure 4(a) presents stress/strain curves for the binary and ordered TM 

carbide alloys along the {110}〈11̅0〉 slip system, known to be active in TiC at room 

temperature [49]. The stress/strain response is linear up to approximately 50% strain for 

all carbide systems investigated; at which point, the stress reaches a maximum and begins 

to slowly decrease. The initial slope of the curves is the shear resistance. At elevated 

temperatures, {111}〈11̅0〉 becomes the active slip system in TiC, due to an increased 

density of high-mobility electrons screening directional covalent bonds. [50] Thus, we 

also calculate stress/strain curves along this slip system. The results for the binary and 

ordered pseudobinary structures are shown in Figure 4(b). Upon straining, the stress in 

TiC and VC increases linearly, i.e. the compounds behave elastically, until fracture at 45-

48% strain. Neither the Ti-based alloys, nor VWC, exhibit yielding for strains ≤ 20%.  
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Figure 4. Stress/strain curves upon shearing along, (a) and (c), {110}〈11̅0〉 and, (b) and 

(d), {111}〈11̅0〉. The pseudobinary alloys have ordered atomic arrangements in (a)-(b), 

and disordered SQS atomic arrangements in (c)-(d).  
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The VMoC stress/strain curve in Fig. 4(b) displays an unexpected feature. 

The stress/strain relationship remains linear up to 14% strain, above which the stress 

decreases until a linear stress/strain relationship is recovered at 15% and maintained up 

to 18-19%, when fracture occurs. This type of behavior is similar to typical stress/strain 

relationships observed for ductile materials, in which a yield point, defined as the strain 

beyond which the material begins to deform plastically, is reached prior to fracture 

occurring.  

Figure 5 shows calculated stress/strain curves for the ordered reference 

alloy V0.5Mo0.5N, which is known both experimentally [1] and theoretically [21] to be 

relatively ductile, together with V0.5Mo0.5C along the same slip systems. The primary slip 

system in TM nitrides is {110}〈11̅0〉, as for transition metal carbides, and slip along 

{111}〈11̅0〉 has also been demonstrated.[51] Stress/strain curves for VMoC and VMoN 

along the {110}〈11̅0〉 slip system are shown in Figure 5(a). The curves exhibit the same 

general features as for the TM carbide alloys in Fig 4; stress increases monotonically up 

to ~50% strain, at which point it levels off and begins to decrease, with VMoN reaching 

a slightly higher stress. Figure 5(b) compares the stress/strain curves along the 

{111}〈11̅0〉 slip system. For VMoN, the stress increases linearly up to 20% strain, at 

which point it decreases slightly and levels off, before fracturing at 42% strain. This 

response is qualitatively similar to that of the VMoC alloy which fractures at a lower 

strain. The close resemblance in the features of the VMoC and VMoN {110}〈11̅0〉 

stress/strain curves, and qualitative similarity between the {111}〈11̅0〉 stress/strain 

curves, indicates that VMoC is a candidate for a TM carbide alloy with increased 

toughness. 
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 Figure 5. Stress/strain curves for VMoC (blue squares) and VMoN (red pentagons) along 

(a) {110}<110> and (b) {111}<110> slip systems.  
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We also calculate corresponding stress/strain curves for disordered SQS 

alloy structures along the {110}〈11̅0〉 and {111}〈11̅0〉 slip systems, Figures 4(c) and 

4(d). For {110}〈11̅0〉, disordered VWC and VMoC yield at 11% strain and fracture at 

18% strain, while disordered TiWC and TiMoC fracture at 14% and 13% strain, 

respectively, without exhibiting a yield point. A similar trend is observed along the 

{111}〈11̅0〉 slip system. The stress in disordered TiWC and TiMoC increases linearly 

until fracture at 18 and 19% strain. Disordered VWC and VMoC yield at 13 and 14% 

strain; VWC then fractures at 20%, but VMoC does not fracture at strains ≤ 20%. 

3.4 Charge-density distributions 

The difference between the TM carbide compounds exhibiting a continuous 

linear stress/strain response prior to brittle fracture (TiWC, TiMoC, and VWC), and 

VMoC which displays yielding is further analyzed by examining charge-density 

distributions. Figure 6 shows T = 0 K charge densities in the (112̅) plane, i.e. orthogonal 

to the {111}〈11̅0〉 slip system, for ordered (C#3) VWC and VMoC at 14, 15, 19, and 20% 

strain, which are the points immediately prior the first (15%), and after the second (19%), 

drops in stress observed for VMoC. At 14% strain, regions of increased charge density 

connect neighboring V and C atoms with C-V-C bonds in both VWC and VMoC. Figure 

6 also reveals C-C and W-W bonds for VWC. The corresponding C-C and Mo-Mo bonds 

in VMoC do not form until 15% strain. At 19% strain, just prior to fracture, the newly 

formed C-C and Mo-Mo bonds are clearly visible in VMoC charge-density maps, as V-

V bonds begin to form as well. However, no significant changes are observed in VWC. 

At 20% strain, corresponding to VMoC fracture (Fig 4b), a new charge-density structure 

is observed, containing planes of strongly-bonded V-V and Mo-Mo atoms, with 

significantly weakened C-V and C-Mo bonds. In contrast, the charge density of VWC, 
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which exhibits an approximately linear stress/strain response, is unchanged from that 

corresponding to 14% strain. Similar trends are observed for the charge density of SQS 

VMoC along the {111}〈11̅0〉 slip system, and are expected for the other disordered 

pseudobinaries which either exhibit yield points and/or deviate from linear stress/strain 

response. 
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Figure 6. Charge density maps for the (112̅) planes of C#3 ordered VWC and VMoC 

under 14, 15, 19 and 20% strain along the {111}〈11̅0〉 slip system at T = 0 K. The dotted 

lines highlight the formation of new bonds in VMoC as the material is strained. 
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In ordered TM nitride alloys, electronic layering perpendicular to the 

applied shear strain was shown to be an important mechanism for toughness 

enhancement. [20,21,52] Thus, to complete the investigation of the elastic properties of 

TM carbides, we carry out similar analyses by calculating charge densities for the C#3 

ordered pseudobinary alloys and their parent binary compounds. For each materials 

system, we calculate the charge densities for the unstrained structure as well as at 10% 

tetragonal and trigonal strains, along [100] and [110], respectively. The results are shown 

in Figure 7 for the (001) plane. To facilitate interpretation of the maps, contour lines in 

charge density are drawn with a linear separation of 0.34 e-/Å3. The charge densities of 

relaxed TiC and VC structures, Figure 7(a), exhibit strong ionic character with a high 

charge concentration surrounding the nuclei. W-C and Mo-C bonds present in the 

pseudobinary alloys have a more covalent character with delocalized charge, particularly 

around Mo and W nuclei.  

  



27 

 

 

 

Figure 7. Charge density maps in e-/Å3 for the (001) plane of, from left to right, TiC, TiWC, TiMoC, VC, VWC, and VMoC at T = 0 K. 

Pseudobinary compounds are ordered in the C#3 structure. (a) Unstrained, (b) tetragonal strain of 10%, (c) trigonal strain of 10%. 
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When subjecting TiC or VC to a tetragonal strain of 10% along [100] at T 

= 0 K, as shown in Figure 7(b), the bonds are weakened in the elongation direction, 

resulting in an atomic-layer stacking with reduced interfacial charge. Conversely, the 

charge densities obtained due to a 10% trigonal strain along [110] (Figure 7(c)) are 

essentially the same as for the unstrained cases. For the C#3 ordered pseudobinary alloys 

at T = 0 K, the M1-C bonds are weakened upon tetragonal shear strain, but the M2-C bond 

strength remains approximately constant. Additionally, the pseudobinary M1M2C alloys 

display a tendency to form alternating planes of high and low charge density along [11̅0] 

directions, perpendicular to the applied strain upon trigonal shearing, as charge 

accumulates along M2-containing planes which are thus characterized by strong metallic 

bonding. M1-containing planes, however, display mixed ionic and covalent bonding. This 

is similar to the layered structure found in corresponding TM nitrides, and promotes a 

dual hard/ductile (i.e., tough) character. [20]  

Disordered pseudobinary TM nitrides were also found to form layered 

structures perpendicular to the strain direction upon shearing. [22] Based on the similar 

charge density response of ordered carbide and nitride alloys, as discussed above, we 

expect equivalent layering formation leading to enhanced toughness in disordered TMC 

alloys as well. 

4. Conclusions 

We have carried out DFT calculations of the formation energies, elastic 

properties, and stress/strain curves along {110}〈11̅0〉 and {111}〈11̅0〉 slip systems, for 

cubic pseudobinary transition-metal carbide alloys TiWC, TiMoC, VWC, and VMoC. 

Hardness estimates based on reliable theoretical models indicate that all the investigated 

alloys are hard (~21 ± 2 GPa). The empirical ductility criteria developed by Pugh [47] 
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and Pettifor [48] do not indicate enhanced toughness compared to the binary parent 

compounds TiC and VC. However, stress/strain results, corroborated by electronic 

structure analyses reveal facile formation of stacking faults during {111}〈11̅0〉 slip 

suggest improved plasticity for VMoC alloys. Electronic structure analyses also reveal 

electronic layering upon trigonal shearing which enables a selective hard/ductile response 

to tensile/shear stresses. Plasticity in VMoC is further supported by the similarities in the 

stress/strain curves of VMoC to those obtained for the corresponding cubic TM nitride 

VMoN, a hard ceramic which has been shown experimentally to be relatively ductile. Our 

results show promise for VMoC as a TM carbide alloy exhibiting both hardness and 

ductility, i.e. toughness.  
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