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measured utilizing Hough-based EBSD
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Relationships between microstructures and hardening nature of laser powder bed fused (L-PBF) 316 L stainless
steel have been studied. Using integrated experimental efforts and calculations, the evolution of microstructure
entities such as dislocation density, organization, cellular structure and recrystallization behaviors were charac-
terized as a function of heat treatments. Furthermore, the evolution of dislocation-type, namely the geometrically
necessary dislocations (GNDs) and statistically stored dislocations (SSDs), and their impacts on the hardness var-
iation during annealing treatments for L-PBF alloy were experimentally investigated. The GND and SSD densities
were statistically measured utilizing the Hough-based EBSD method and Taylor's hardening model. With the
progress of recovery, the GNDs migrate from cellular walls to more energetically-favourable regions, resulting
in the higher concentration of GNDs along subgrain boundaries. The SSD density decreases faster than the
GND density during heat treatments, because the SSD density is more sensitive to the release of thermal distor-
tions formed in printing. In all annealing conditions, the dislocations contribute tomore than 50% of the hardness,
and over 85.8% of the total dislocations are GNDs,while changes of other strengtheningmechanism contributions
are negligible, which draws a conclusion that the hardness of the present L-PBF alloy is governed predominantly
by GNDs.
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1. Introduction

Laser powder bed fusion is one of the most promising additive
manufacturing (AM) technologies that has been successfully applied
to produce structural components with complex geometries and out-
standing performance through a layer-by-layer method [1,2]. Owing
to the natural rapid cooling rate (up to 106 K/s) of the L-PBF process,
the microstructures are significantly distinct compared with the coun-
terparts processed by conventional manufacturing approaches, such as
casting, powder metallurgy, and forging [3]. For example, the disloca-
tion tangled cellular structure is one of the most significant microstruc-
tural features in AM-fabricated alloys, which can remarkably improve
the strength and ductility simultaneously [4]. Apart from cellular struc-
tures, the microstructural features also include melt pool boundaries
(MPBs), columnar grains, highly serrated grain boundaries (GBs) and
nanoparticles [5,6], which in turn significantly affect the mechanical
properties [4–6]. On the other hand, since the melt pool is highly local-
ized and then rapid cooling, distortion and residual stress are commonly
introduced into the L-PBF components [7]. Porosity is inevitably formed
in the as-built L-PBF alloy as a result of entrapped gases, lack of fusion
and solidification shrinkage [8]. Even though these microstructural de-
fects always lead to premature failure [9] under themechanical loading,
the mechanical properties of L-PBF alloys are still better than the con-
ventionally processed ones [4]. Because of the huge potential of the L-
PBF technology, many studies related to the manufacturing of metal
parts via L-PBF, such as nickel-based superalloy [10], high entropy
alloy [11] and titanium alloy [12], stainless steel [13] have been
carried out.

Stainless steels (SS) are widely used in the marine, biomedical and
aerospace industries owing to the combination of desirable mechanical
properties, relatively low cost and excellent corrosion resistance [13].
Numerous studies have been conducted on the SS structural compo-
nents fabricated by L-PBF [6,8,13,14]. In addition, thermal post-
processing treatments are usually required for L-PBF SS to achieve the
best balance between strength and ductility [6,8]. Typically, the heat
treatment reliefs the residual stress, segregation of elements, MPBs
and crystallographic anisotropy [6,8]. In the past few years, efforts
have been dedicated to understand the effects of heat treatment on
the microstructure and mechanical properties of L-PBF SS [6,8,15–17].
Research by Ronneberg et al. [8] showed that the ductility of L-PBF
316L SS had been improved without sacrificing the strengthening con-
tributions from cellular structures after annealing treatment at 700 °C.
Similarly, the ductility of an L-PBF SS increased by 130% after combined
hot isostatic pressing and annealing without sacrificing the tensile
strength [18]. Salman et al. [6] reported that the cell size increased
with increasing annealing temperature up to 873 K, and the annealing
treatments had nearly no impact on the texture of a Fe-Cr-Ni SS. More-
over, the yield strength of an L-PBF austenitic SS increased from
586 MPa to 642 MPa with only a small loss in uniform elongation after
heat treatment at 400 °C for 60 min [19]. Although the properties of
the L-PBF alloys have been improved via heat treatments, the underly-
ing mechanisms and the relationships between the post-processing
thermal treatment, microstructural evolution and mechanical proper-
ties are still not well elucidated. Especially the dislocation-type evolu-
tion and their impacts on mechanical properties for L-PBF alloys
during post-processing heat treatments have not been revealed yet,
which are critical issues within AM community.

Dislocations in a polycrystalline aggregate are generally considered
into two types: the geometrically necessary dislocations (GNDs) and
the statistically stored dislocations (SSDs) [20–22]. GNDs are accumu-
lated in plastic strain gradient fields caused by local heterogeneous de-
formation, which are considered necessary to maintain the strain
compatibility across microstructures; while SSDs are stored in the de-
formed polycrystalline aggregate through random trapping processes
[21,22]. Moreover, the Burgers vector for GNDs is net non-zero, which
leads to an observed lattice curvature [22]. Therefore, the GND density
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can bemeasured using the Hough-based electron backscattered diffrac-
tion (EBSD) method [20]. Different from GNDs, SSDs have a net-zero
Burgers vector and thus no lattice curvature is presented [22]. As far
as we know, no experimental method has been developed for direct
quantitative estimation of SSD density in a polycrystalline aggregate
[20]. In transmission electronmicroscopy (TEM)micrographs, the dislo-
cation lines of bothGNDs and SSDs could be observed. Nevertheless, it is
difficult to distinguish SSDs from GNDs, and this method is also very
time consuming. Ashby [23] illustrated that the total dislocation density
is the sum of GND and SSD density, and both equally contribute to
strength. Thus, the density of SSDs can be estimated by subtracting
the EBSD-measured GND density from the total dislocation density
[20–22]. Based on this, the evolution of GNDs and SSDs, as well as
their roles on flow stress for annealed conventional alloys have been
carried out [20–22,24]. In contrast to the annealed conventional alloys,
which contain very low density of dislocations, a considerable number
of dislocations are generated in as-built alloys during L-PBF process,
which undoubtedly affects the distribution of GNDs. However, the evo-
lution of GNDs and SSDs, and their roles on mechanical behavior for L-
PBF alloys have not been studied yet.

In this study, the microstructural evolution of an L-PBF alloy with
different post-process treatment scenarios was systematically investi-
gated. In addition, the evolution of GNDs and SSDs, and their impacts
on the hardness during annealing treatments were experimentally in-
vestigated. Both the total dislocation density, quantified using TEM
and the Taylor's hardening model, and the microstructure-averaged
GNDdensitymeasured utilizing theHough-based EBSDmethodprovide
a high confidence of accuracy to determine the density of SSDs. The
stability of GNDs and SSDs as a function of post-process treatments
also has been discussed. Additionally, the contributions from different
strengthening components were carefully discussed, which provide
new insights on the microstructures tuning and mechanical properties
improvements of L-PBF alloys.

2. Materials and experimental procedures

2.1. Material

Gas atomized 316L SS prealloyed powderwith a Gaussian size distri-
bution ranging from 15 to 50 μm was used in this work. The actual
chemical composition of the powder determined by optical emission
spectrometer (Oxford Instruments - PMI-Master Smart) is listed in
Table 1.

2.2. L-PBF process and post-treatment

A cylindrical bar with a height of 60 mm and a diameter of 10 mm
was vertically printed on an EOSINT M280 3D printing system with a
discontinuous Yb-fiber laser and maximum power capacity of 200 W.
The printing process was conducted under a high purity argon atmo-
sphere protection. In order to minimize micro-defects, optimized L-
PBF processing parameters were used (Table 2), with a scanning
direction rotation of 67° between the adjacent layers (Fig. 1a). The 67°
rotation is the most commonly used printing strategies in the L-PBF
field, because it achieves the maximum number of layers until the
exact same laser scan vector direction appears again [25], leading to rel-
atively isotropic mechanical properties and grain refinement. The com-
bined parameter energy density (ED) is frequently used to evaluate the
printing parameters and is determined as follows [26]:

ED ¼ PL

VLHLTL
ð1Þ

where PL, VL, HL and TL are laser power (W), scan speed (mm/s), hatch
spacing (mm) and layer thickness (mm), respectively. In the present
work, the value of ED is determined to be 100 J/mm3. According to the



Table 1
The actual chemical composition of the stainless steel powders (wt%).

C Mn N P S Cr Mo O Ni Si Cu Fe

0.023 0.897 0.091 0.010 0.005 17.695 2.321 0.032 12.692 0.704 0.011 Bal.

Table 2
Processing parameters used in the present work.

Laser power,
W

Laser spot size,
μm

Scan speed,
mm/s

Hatch spacing,
μm

Layer thickness,
μm

195 75 1083 90 20
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research by Nayak [27], regular and uniform tracks are obtained when
the ED value ranges from 87.5 to 140 J/mm3. Similarly, with the use of
ED of 104 J/mm3, Cherry [28] also produced nearly zero porosity for
an L-PBF SS. Therefore, the printed alloy in the present work is also ex-
pected to have very low porosity.

Nine rounddiscswith a thickness of 4mmwere cut from the printed
cylindrical bar (Fig. 1b) by electro-discharge machining (EDM) for the
following post-processing heat-treatments. Varying degrees of heat
treatments ranging from the as-built condition (no post-processing)
to the nearly full recrystallization temperature were carried out. The
holding temperatures were 700 °C, 900 °C, 1050 °C, 1100 °C and
1200 °C with the fluctuation of ±2 °C using two thermocouples. The
discs were annealed in the air-filled, preheated furnace for 10 or
40min before being taken out to cool down to room temperature in am-
bient condition. The internal structures of the as-built and post-treated
samples are crack-free with only a few isolated micropores (see Fig. S1,
the average size ofmicropores is 1.8 μmwith the area fraction of 0.03%),
which are supposed to have limited influence on the microstructural
characterizations.

2.3. Microstructural characterizations

Phase analysis was conducted by X-ray diffraction (XRD) in Bragg–
Brentano geometry using a powder diffractometer Panalytical X'Pert
PRO equipped with a graphite curved crystal monochromator and Cu-
Kα radiation (λ = 1.5418 Å). Measurements were performed with 2θ
angles ranging from 40° to 100° with a step size of 0.02° and a counting
time of 1.5 s per step.

The microscopy analysis was performed both for as-built and
post-treated samples on the X-Y and X-Z planes, as shown in Fig. 1b.
Sectioned samples were mounted in the conductive bakelite and then
prepared following Struers recommendations.
Fig. 1. (a) Schematic illustration of the laser scan vectors with a bidirectional scanning strategy
samples for microstructure analysis and hardness measurement. BD: building direction. (c) Th
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To further reveal the microstructure, the well-polished samples
were chemically etched using Aqua Regia (75% Nitric Acid and 25% Hy-
drochloric acid in volume) at room temperature for 5–10 s. The micro-
structure was analyzed with a Hitachi SU70 FEG scanning electron
microscope (SEM), equipped with an energy dispersive X-ray spec-
trometer (EDS). Grain orientation and qualitative analysis of the GND
density distribution (Fig. S7) were performed by EBSD mapping with a
step size of 400 nm and a binning of 4 × 4 under an accelerating voltage
of 20 kV, using a Nordlys-S™ detector. Whilst for GND density calcula-
tion (Fig. 4), a binning of 2 × 2 and step size of 200 nm were selected
to balance the scanning time and quality required. The EBSD data was
then analyzed with HKL Channel 5 software and the MTEX MATLAB
toolbox [20,22,29]. The GND mapping and density were calculated
based on the Pantleon's theory [30], which has been successfully
applied to other alloys in different states to quantify the GND density
distribution [20–22,24]. Moreover, the 15° misorientation criterion
was used to distinguish the low angle grain boundaries (LAGBs) and
high angle grain boundaries (HAGBs), and the minimum grain size is
set to 5 μm.

Detailed microstructures and dislocation configurations were ob-
served in a FEI Tecnai G2 scanning transmission electron microscope
(STEM) operating at 200 kV and with an EDAX EDS detector that was
used to measure the chemical compositions of cellular structures and
precipitates. For TEM sample preparation, twin-jet electro-polishing
was carried out at −25 °C in a solution of 10 vol% perchloric acid and
90 vol% ethanol at 25 V. Camera lengths of 140 mm and 2.1 m were
applied when taking high angle annular dark field (HAADF) and
bright-field images using an annular detector.

2.4. Microhardness measurement

Vickers microhardness was performed on both the as-built and
heat-treated samples using a LECO hardness testingmachine. Consider-
ing the possible indentation size effect (ISE) in the tests [31–33], eight
different maximum loads ranging from 0.01 kgf to 0.5 kgf, namely 0.01,
0.02, 0.025, 0.05, 0.1, 0.2, 0.3 and 0.5 kgf, were selected for the indenta-
tion tests. All tests were conducted with a 15 s dwell-time. At each load,
the schematic illustration of hardness measurement is shown in Fig. 1c.
Detailed information of hardness measurement can be seen in the
with 67° rotation on subsequent layers. (b) Schematic 3D overview of the heat treatment
e location of the microhardness measurement on the cross section (perpendicular to BD).
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Supplementary material (Section S2). As shown in Fig. S2, the distribu-
tion of hardness is essentially homogeneous across the diameter of
each sample, which illustrates that the hardness is not sensitive to
the indentation position. Finally, the hardness of a specific maximum
load is determined by the average of 28 indentations.

3. Results

3.1. Effect of annealing on the phase stability and microstructural evolution

The XRD patterns of the as-built and the different post-treated
samples are given in Fig. 2. It can be clearly seen that the Bragg line
numbers for the FCC austenite structure corresponds well to the pres-
ent XRD profiles. The strongest lines of BCC ferrite should appear at
around 43° and 65°, and their absences in Fig. 2 illustrates that a
fully austenitic structure may be presented in the as-built and post-
treated samples. Note that a small amount of ferrite may be formed
in the as-built and heat-treated samples; however, probably due to
the low content and small size of ferrite particles, they are not de-
tected by the XRD instrument.

The microstructural evolution with heat treatment is schemati-
cally illustrated in Fig. 3a. The typical microstructural features of
L-PBF SS mainly include three aspects, namely grains, MPBs and
cellular structures. Looking at the grain orientation maps in
Figs. 3b1-g1, it seems that up to 1050 °C, the overall grain structure
is not greatly affected by the heat treatment, while the 1200 °C
sample has a significantly different grain apperance with larger
grain size, faceted grain morphology and a great number of anneal-
ing twins (ATs, marked by green lines in Fig. 3g1). Whereas, the
higher magnification images in Figs. 3b2-g2 and 3b3-g3 show
that microstructural evolutions do occur on a small scale. After an-
nealing treatment at 700 °C-40 min, the MPBs appear to have
nearly no change compared to the as-built one. However, when
the temperature increases to 900 °C only vague traces are left,
and they completely disappear after annealing above 1050 °C,
demonstrating that atomic diffusion becomes more significant
from 900 to 1200 °C. By further increase of the magnification of
SEM micrographs, the cellular structures are observed (Figs. 3b3-
g3). Similar to the evolution of MPBs, cellular walls became thinner
with increasing annealing temperature and totally vanished after
exposure at 900 °C for 40 min (Fig. 3e3). Different from the obvi-
ously non-affected MPBs after the 700 °C treatment, the morphol-
ogy of the cellular structures keeps the same but the average size
increases from 530 for the as-built material to 600 nm, as shown
in Figs. 3b3 and c3. It is interesting to note that the evolution
Fig. 2. XRD patterns of the L-PBF 316 L SS after different annealing treatments.
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condition is in the sequence of 900 °C-40 min, 1050 °C-10 min and
over 1050 °C, which corresponds for the dissolution of cellular
structures and MPBs as well as the transition of grain structures,
respectively. It means that although these three microstructural
configurations are associated with element segregation, the segre-
gation on GBs may be higher in comparison to the cellular struc-
tures. When chemical segregation is eliminated by atomic
diffusion, the microstructure becomes more uniform. Compared
with welding or casting alloys, the dendrite arm spacing of AM-
fabricated alloys is much narrower, which means that the
homogenzation treatment of AM-fabricated alloys is expected to
be achieved at lower temperatures and shorter durations. More-
over, the grain dimensional evolution with heat treatment also
has been calculated and listed in Fig. 3h–j. The average size and
area fraction of small and large grains remains constant up to
1050 °C, but at 1200 °C the average grain size significantly in-
creases to 54.2 μm. The same trend was also observed in the rela-
tionship between the aspect ratio of grains and anneling
temperatures, as shown in Fig. 3j.

Different approaches have been proposed to distinguish the recrys-
tallization (REX) grains from the deformed ones, such as the grain ori-
entation spread (GOS) [34], grain size [35] and image quality (IQ)
methods based on EBSD measurements [36]. In the present work, the
GOS method is applied for the REX fraction analysis. The GOS values of
the recrystallized grains are lower than the originally deformed ones
[34,36]. By considering the distribution of GOS values and its corre-
sponding microstructures, a critical GOS value of 2° is adopted for the
REX determination. The relationship between REX fraction and anneal-
ing temperature is shown in Fig. 3j, and representative GOS maps are
also present in Figs. 3b4-g4. The REX fraction appears to be constant
around 6% up to 900 °C, then slowly increasing to 6.59% at 1050 °C,
and finally dramatically raises to 90% at 1200 °C. It should be noted
that the microstructures after annealing at 1200 °C for 40 min is not
fully recrystallized, which is confirmed by the white grains (Fig. 3g4)
filled with LAGBs and tangled dislocations, as shown in Fig. S6d,
Fig. S7f and Fig. 4d.
3.2. Effect of annealing on the configuration and total density of dislocations

Fig. S4 shows the typical microstructures of the as-built material
and a sample heated at 700 °C for 40 min. It can be clearly observed
from Figs. S4a and b that the microstructure of the as-built alloy is
composed of cellular walls with highly tangled dislocations (marked
by red arrows in Fig. S4b) and relatively clean cellular interior. The im-
ages of the as-built samples also show that the average cell size and
thickness of cellular walls are 530 and 33 nm, respectively. The
STEM micrographs taken from the samples after annealing at 700 °C
for 40 min (Figs. S4c and d) show no obvious differences with the
as-built one in general, but the cell size increases to 620 nm. By fur-
ther increasing the image magnification, as shown in Fig. S4f, some
dislocations are still trapped around the cell boundaries, but the den-
sity is significanly reduced, which indicates that the elemental segre-
gation on the cell boundaries is reduced after high temperature
atomic diffusion. It should also be noted that smaller subgrains, as
the comparison of the representative ones marked by the light green
dotted lines in Figs. S4a and c, were formed in the 700 °C-40 min sam-
ple, illustrating that the recovery has occurred under this condition,
which is reported by Ronneberg [8] and Clarebrough [37] as well.
The newly formed subgrain boundaries (sub-GBs) consist of a large
number of parallel and dense dislocation lines, as displayed in
Fig. S4e. In addition, the average subgrain diameter and thickness of
sub-GBs in 700 °C-40 min sample were also measured and are
1.18 ± 0.98 μm and 69.2 ± 20.8 nm, respectively. For the as-built ma-
terial (or the 700 °C-40 min sample), since the mean thickness of the
cellular walls (or sub-GB thickness) is much smaller than the average



Fig. 3. (a) Microstructural evolution with heat treatment for the L-PBF SS. (b)–(g) Typical microstructure characteristics and recrystallization phenomenon of the L-PBF SS after different
annealing treatments. (h)–(j) The evolution of grain dimension and recrystallization fraction of L-PBF SS with different annealing treatments for 40 min.
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Fig. 4.Magnified EBSD-BC, GB distribution and corresponding GND density maps of the as-built material and samples after different heat treatments. (a) As-built state. (b) 900 °C-40min.
(c) 1100 °C-40 min. (d) 1200 °C-40 min.
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cell size (or average subgrain diameter), the volume fraction of cellu-
lar walls (or sub-GBs) can be calculated as follows [9,38]:

f w≈
κw
dc

ð2Þ

where κ is a geometric constant and set as 3 for a regular substructure
[38],w is the thickness of cellular walls or the sub-GBs, dc is the average
size of cellular structures or subgrain diameter. Thus, the volume frac-
tion of cellular walls for the as-built alloy is about 18.0%, and that of
sub-GBs for the 700 °C-40 min sample is around 17.5%.

One of the natures of the L-PBF technique is that it introduces a high
density of dislocations (up to 1014–1015/m2) without any other addi-
tional processes [39,40]. Due to the high density dislocation structures,
the alloys are hardened. Therefore, in the present study quantitative
analysis of dislocation density was also performed from the TEM
6

micrographs using the intersectionmeasurementmethod [41]. The dis-
location density ρ for onematerial state can be obtained as follows [41]:

ρ ¼ 1
ht

∑nv

∑Lv
þ∑nh

∑Lh

� �
ð3Þ

where ht is the thickness of the TEM foils, which is estimated to be
180 nm [41]. ∑nv and ∑nh are the total intersections of dislocations
with the vertical and horizontal test lines. ∑Lv and ∑Lh are the total
length of the vertical and horizontal test lines from all TEMmicrographs
used for a specific material state. For the as-built state, since a large
quantity of dislocations are tangled in the cellular wall, it is almost im-
possible to directly measure the dislocation density in these regions.
On the contrary, the dislocation density within the cellular interior
(ρI) is relatively low and can be determined using Eq. (3) to be
(2.45 ± 0.81) × 1014/m2, which is close to the value in an as-built
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L-PBF Inconel 718 alloy [39]. On the other hand, several relationships
between the dislocation density along the cellular walls and cellular in-
teriors have been proposed [42–46]. For example, as reported by the lit-
erature [43–46], the dislocation density in the cellular wall region (ρw)
is about 3–5 times the average density (ρA). In the presentwork, assum-
ing that this relationship is also appropriate for AM alloys and an inter-
mediate value of 4 is selected to calculate the value of ρA and ρw.
Therefore, the average dislocation density for the as-built alloy can be
estimated as follows:

ρA ¼ ρw f w þ ρI 1− f wð Þ ð4Þ

ρw ¼ 4ρA ð5Þ

where fw is defined previously and calculated to be 18% for the as-built
alloy. Thus, ρA and ρw are determined to be (7.16±1.19) × 1014/m2 and
(2.86 ± 0.29) × 1015/m2. For the 700 °C-40 min sample, as shown in
Fig. S4e and f, since the dislocation density along the cellularwalls is sig-
nificantly reduced, not highly tangled and can be counted, the disloca-
tion density within the subgrains can be obtained using Eq. (3) to be
(2.11 ± 0.56) × 1014/m2. Similarly, the average dislocation for the
700 °C-40 min sample can be determined by Eqs. (4) and (5) with ρw
and ρI being the dislocation density in the sub-GBs and subgrain inte-
riors. Consequently, the average dislocation density for the 700 °C-
40 min sample is around (5.80 ± 0.82) × 1014/m2.

Figs. S5a–f and g–i show the bright-field micrographs after heat
treatment at 900 and 1050 °C for 40min, respectively. Similar to the mi-
crostructure after 700 °C-40 min treatment, a large number of small
subgrains surrounded by parallel dense dislocations (marked by blue ar-
rows in Fig. S5c, f and i) were formed, which demonstrates the occur-
rence of the recovery phenomenon, whereas the dislocation density
within the subgrains (as shown in Fig. S5c, f and i) significantly declines.
Additionally, the dislocations in the subgrains of 900 °C-40 min and
1050 °C-40 min samples are no longer trapped by the cellular walls
and present a more random distribution state (Fig. S5f and i), indicating
that a uniform redistribution of elements has been reached,which is con-
sistent with the comparison of Fig. 3c3–e3. Ultimately, the average dislo-
cation density for 900 °C-40 min and 1050 °C-40 min samples can be
obtained using Eqs. (4) and (5) to be (5.17 ± 0.63) × 1014/m2 and
(3.75 ± 0.59) × 1014/m2, respectively. Furthermore, some nanoparticles
and dislocation networks also can be found in the subgrains (Fig. S5h).

Different from the as-built conditions and the samples heat treated
in the temperature range 700–1050 °C, the microstructure of the
1200 °C-40 min sample consists of recrystallized grains with straight
GBs (Fig. S6a) and residual recovery ones filled with small subgrains
(Fig. S6d). A small number of dislocation arrays near the GBs
(Fig. S6b) and somedislocation networks (Fig. S6c) in the grain interiors
can be observed in the recrystallized grains. Moreover, the dislocation
density in the recrystallized grains (ρR) was determined from the
STEM micrographs to be (3.28 ± 1.25) × 1013/m2. For the residual re-
covery grains, the average subgrain size and mean dislocation density
(ρD) are mearsured to be 1.55 ± 0.47 μm and (3.87 ± 0.77) × 1014/
m2, respectively. On the other hand, as shown in Fig. 3g4 and j, the
area fraction of recrystallized grains (fR) in the 1200 °C- 40 min sample
is about 90%. Therefore, the average dislocation density (ρA) can be es-
timated using the following equation:

ρA ¼ f RρR þ 1− f Rð ÞρD ð6Þ

Consequently, the value of ρA for the 1200 °C-40min samplewas de-
termined to be around 6.82 × 1013/m2.

On thewhole, the post-processing treatments in thiswork can be di-
vided into the regions of recovery (700–1050 °C) and recrystallization
(1100–1200 °C). In the recovery region, rearrangement and annihila-
tion of dislocations occur simultaneously, while the latter is proved to
be a secondary mechanism by the gradually decreases of dislocation
density from (7.16 ± 1.19) × 1014/m2 to (3.75 ± 0.59) × 1014/m2.
7

Part of trapped dislocations around the cellular walls migrate to the
energy-favourable regions owing to the reduction of elemental segrega-
tion, leading to the arrangement of dense dislocations along the newly
formed sub-GBs, which has also been reported in the laser-melted
316 L steel [47] and conventionally deformed materials [48,49]. On the
contrary, the annihilation of dislocations becomes the dominant mech-
anism at 1200 °C, and thus dislocation density significantly decreases to
6.82 × 1013/m2.

3.3. Effect of annealing on the distribution and density of GNDs

Fig. S7 shows the GND density maps with an area of roughly 638 μm
by 146 μm calculated from EBSD-acquired data for the present L-PBF
alloy after different annealing treatments. About 1000 grains are in-
cluded in each image and the indexing rates of all maps are above
94%. Therefore, it is sufficiently reliable to qualitatively analyze the dis-
tribution of GND density using these datasets. In Fig. S7, the bright
colors (red and orange) correspond to high dislocation density, while
dark color (blue) corresponds to low density. It can be clearly observed
that with the annealing temperature increasing the bright regions grad-
ually decrease, illustrating an overall decrease of the GND density. On
the other hand, it is interesting to note that the distribution of GND den-
sity in themicrostructure is significantly non-uniform; the bright colors
are predominantly present in the fine grain regions. Due to the higher
GND density and GB density in these regions, small grains also provide
a greater contribution to alloy strength and a higher resistance for the
crack propagation than the large grain regions.

The Hough-based EBSD technique has been successfully used to
quantify theGNDdensity in different alloys under different deformation
states [20–22,24,30]. Fig. 4 shows the magnified EBSD-BC (Band Con-
trast) maps, GB maps and the corresponding GND density distribution
maps of the as-built material and different heat-treated samples. In
the as-built and low temperature treated microstructures, nearly no
annealing twinswere detected in the BCmaps (Fig. 4a and b); neverthe-
less, some annealing twins (ATs) were formed in the high-temperature
treated samples (Fig. 4c and d). It becomes clear that GNDs are hetero-
geneously distributed across the microstructures, and most of them are
located along sub-GBs (LAGBs). With the progress of annealing treat-
ment, the GNDs transform into the configurations of energetically
favourable LAGBs, resulting in the formation of new subgrains. The
EBSD results correspond well to the TEM observations in Figs. S5-S7.
These newly formed LAGBs are similar to the other sub-GBs in micro-
structures, and both of them are formed by the arrangement of GNDs
[21], which is consistent with the STEM observations of parallel dense
dislocations in Figs. S5c and f. The GND density across the LAGBs and
within the subgrains are in the order of 1015 and 1013-1014/m2 [21],
which agrees well with our measurements in Section 3.2, giving confi-
dence in the reliability of our calculations. In addition, the GNDs are
not concentrated at the GBs, ATs and triple junctions (TJs), which is dif-
ferent from the reports for deformed Fe-22Mn-0.6C steel [22] and the
simplified model proposed by Ashby [23]. This may be due to the fact
that the Ashby's model is suitable when single slip is considered [50].
Whereas, in the present work, multi-slip systemsmay be activated dur-
ing the heat treatment process for the release of internal stresses.

Before quantitatively analyzing the GND density, we need to deter-
mine the uncertainty of the EBSD measurement for GND density. Ac-
cording to Wilkinson et al. [51], the noise floor (ρnoise) of GND
measurements can be estimated as follows:

ρnoise ¼ δ=bλs ð7Þ

where δ is uncertainly in the crystal orientation measurement. For the
present Nordlys-S™ EBSD detector, the upper-bound of δ is about 0.1°
[21]. b and λs are Burgers vector (0.2546 nm) and step size (200 nm),
respectively. Therefore, the uncertainties in GND density calculations
can be determined to be 1.7 × 1013/m2 [21].
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The frequency histograms of GNDdensity distribution in logarithmic
scale for the present L-PBF alloy after different annealing treatments are
shown in Fig. 5. As report by Kamaya et al. [52] the intragranularmisori-
entation distribution of the entire microstructure follows a lognormal
distribution function. In addition, the measured GND densities for Fe-
22Mn-0.6C steel [22] and polycrystalline Ni [20,21] also obey the same
distribution curve. However, it was recently reported that when the cu-
mulative strain is high, themisorientationwould follow a gammadistri-
bution [53]. In the present work, since no deformation is applied to the
alloy, a lognormal distribution of GND density is assumed to calculate
the microstructure-averaged density, as follows:

f ρGNDjμ,σð Þ ¼ 1
σρGND

ffiffiffiffiffiffi
2π

p exp
− lnρGND−μð Þ2

2σ2

 !
ð8Þ

where μ and σ are the location and scale parameter of lognormal distri-
bution, respectively. Under this definition, themicrostructure-averaged
value of GND density (mGND) and the heterogeneous distribution of
GNDs across the microstructure as quantified by the variance (υGND)
can be expressed as follows:

mGND ¼ exp μ þ σ2

2

� �
ð9Þ

υGND ¼ exp 2μ þ σ2� �
exp σ2� �

−1
� � ð10Þ

From Fig. 5a, it can be clearly seen that the GND densities of all
heat-treated samples are larger than the noise floor of 1.7 × 1013/m2.
Moreover, at least two EBSD scans were performed for each sample to
eliminate the macroscopic variations of GND density in the microstruc-
tures. Fig. 5b shows the evolution of mGND (red line) and υGND (black
line) as a function of annealing temperatures. The microstructure-
averaged GND density decreases from 5.89 × 1014 to 1.32 × 1014/m2

with increasing annealing temperature from room temperature (as-
built state) to 1200 °C. The TEM-measured total dislocation density
(blue line) is also plotted in Fig. 5b for comparison. The EBSD-
measured GNDdensity and the TEM-measured total dislocation density
nearly have the same magnitude, which is in agreement with the find-
ings in polycrystalline nickel [20] and Fe-22Mn-0.6C steel [22] for a
small plastic strain of 0.05 and 0.06, respectively. In addition, the rela-
tionship between υGND and annealing temperature can be divided into
3 regions, as shown in Fig. 5b. At the stage I, the value of υGND gradually
decreases until 1050 °C, so the GNDs becomemore homogeneously dis-
tributed in the microstructures. The rearrangement of GNDs during re-
covery process at a temperature between 700 and 1050 °C may be
Fig. 5. (a) Frequency histogram of GND density distribution for the present L-PBF alloy after d
dislocation density, EBSD-measured GND density and variance of microstructure-average GND
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responsible for this, which is supported by the remarkable differance
in dislocation density at the cellular walls between the as-built and
700 °C-40 min samples, as shown in Figs. S5b and f. Compared with
as-builtmaterial (Fig. S4b), the dislocation distribution between cellular
wall and cellular interior in the 700 °C-40 min sample becomes much
more uniform (Fig. S4f). For the second, stage ranging from 1050 °C to
a certain temperature between 1100 and 1200 °C, the significant differ-
ence in GND density between the residual recovery grains and the re-
crystallized ones may result in the higher υGND value at 1100 °C. For
temperatures ranging from a certain temperature between 1100 and
1200 °C to the beginning of the melting range defines the third stage,
where a majority of the grains have been recrystallized, and thus υGND
decreases to a relatively low value.

3.4. Effect of annealing on the evolution of microhardness

To characterize the effect of annealing treatment on the mechanical
properties of the present L-PBF alloy, Vicker's microhardness tests were
performed. Fig. 6a shows the evolution of hardness as a function of a rel-
atively wide range of applied loads. Each plotted point and its error bar
are the average value and standard deviation of more than 20 indenta-
tionmeasurements, as shown in Fig. 1c. It can be clearly seen that for all
samples in the low load range, the hardness value dramatically de-
creases as the load increases; nevertheless, it turns to a slow decline
or a constant value at higher loads. The same trend is also observed in
the relationship between hardness and indentation depth (h) in
Fig. 6b. This means that the ISE occurs in all samples. Nix and Gao [54]
explain that the ISE is related to GNDs, whose density is inversely pro-
portional to the indentation depth, and this leads to the different inden-
tation depths corresponding to different hardness values. Therefore, a
depth-independent hardness, sometimes called as “true hardness”
[31,55], is necessary to use to accurately evaluate the properties of the
present Fe-Ni-Cr SS. Some models are proposed to calculate the true
hardness, such as the proportional specimen resistance (PSR)model as-
sumed by Li et al. [56] and themodified PSRmodel put forward byGong
et al. [55]. In the present work, we use the hardness in the limit of infi-
nite depth (H0) as the “true hardness” calculated as follows [33]:

H
H0

� �2

¼ 1þ h∗

h
ð11Þ

where H is the hardness for a given indentation depth h. h ∗ is a charac-
teristic length, which is not a constant for a given material but depends
on the shape of the indenter, the shear modulus and SSD density
[33,54]. Fig. 6c shows the relationship between square of hardness
(H2) and reciprocal of indentation depth (1/h) byfitting Eq. (11). A good
ifferent annealing treatments in logarithmic scale. (b) Evolutions of TEM-measured total
density as a function of annealing temperature.



Fig. 6. (a)–(b) Evolution of hardness as a function of applied load and indentation depth, respectively. (c) The relationship between square of hardness and reciprocal of indentation depth.
(d) Bulk hardness (hardness in the limit of infinite depth) in as-built and heat-treated samples.
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straight line is found, the slope of which is H0
2h ∗ and the intercept of

which is H0
2. The measured values of H0 for the different state samples

are demonstrated in Fig. 6d.With the annealing temperature increasing,
H0 gradually decreases from 2.322 GPa for the as-built material to
1.457 GPa for the 1200 °C-40 min sample.

4. Discussion

4.1. The hardening nature of the L-PBF 316 L SS

As shown in Fig. 6d, the true hardness of the present L-PBF alloy
gradually decreases from 2.322 to 1.457 GPa with increasing annealing
temperatures. It is acknowledged that hardness is closely related with
the strength, which has been investigated by several previous
researches [57,58]. For example, in the model put forward by Cahoon
et al. [58], the strain hardening exponent (n) of the given material is
explicitly considered. In the present study, the Cahoon's model has
been successfully applied to L-PBF alloys, and an excellent agreement
(error < 3.2%) with tensile test results are established. Therefore, it
is possible to quantitatively analysis the hardening mechanisms of
the alloy through the factors that affect the strength. The derivation
process of the expression can be seen in the Supplementary material
(Section S7), and the expression is as follows:

YS ¼ H0

3

� �
0:1ð Þm−1:79 ð12Þ

where YS is the yield strength of the givenmaterial.H0 is the “true hard-
ness” in Fig. 6d.m is theMeyer's index, which is related to the ISE effect.
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Fig. 7a shows the relationship between the values of Meyer's index and
annealing temperatures by fitting Eq. (S2). With increasing annealing
temperatures, the value of Meyer's index displays a decreasing trend
(except 1050 °C), which illustrates that more significant ISE effect oc-
curs in the high-temperature annealed samples. The increased inner
length scale due to the decreasedGNDdislocation density as the anneal-
ing temperature increases (Fig. 5) is responsible for this phenomenon
[33]. Finally, using the values of H0 in Fig. 6d and m in Fig. 7a, the yield
strengths of the present L-PBF alloy after different heat treatmentswere
calculated and displayed in Fig. 7b and Table 3. The evolution of yield
strength as a function of annealing temperature shows the same trend
as that for hardness.

4.1.1. Effects of annealing on hardening mechanisms of the L-PBF 316L SS
For comprehensively understanding the hardening mechanisms in

the 316 L SS, all strengthening factors that play a role in yield strength
were considered. According to the additive strengthening mixture
rule, the yield strength σy is the sum of friction stress (σ0), grain size
strengthening (σGB), solid solution strengthening (σSS), precipitation
strengthening (σP) and dislocation strengthening (σDis):

σy ¼ σ0 þ σGB þ σSS þ σP þ σDis ð13Þ

Hereσ0 is a constant taken as 15MPa for the γ‑iron at room temper-
ature according to Nabarro [59,60] and Foreman [61]. The grain-size re-
finement can also contribute to a yield strength increment. As present in
Fig. S3 and Fig. 3, due to the significant grain size difference, we consider
the microstructure of the L-PBF alloy as consisting of relatively large



Fig. 7. (a) Relationship between the values ofMeyer's index (m) and annealing temperatures. (b) Evolution of estimated yield strength as a function of annealing temperatures. (c) TEM-
measured total dislocation density, estimated total dislocation density from the Taylor's hardening model, EBSD-measured GND density, and estimated SSD density according to the
difference between the total dislocation density from the Taylor's hardeningmodel and themeasuredGNDdensity. (d) The hardeningmix of the L-PBF alloy after different heat treatments.

Table 3
All strengthening components and the estimated yield strength (YSE).

σ0/MPa σGB/MPa σSS/MPa σP/MPa σDis/MPa YSE/MPa

As-built 15.0 89.1 96.6 12.5 343.1 556.3
700 °C 15.0 89.8 96.6 12.0 299.5 512.9
900 °C 15.0 85.7 96.6 12.0 282.0 491.3
1050 °C 15.0 87.2 96.6 11.7 245.9 456.5
1100 °C 15.0 79.1 96.6 14.2 239.7 444.6
1200 °C 15.0 61.4 96.6 13.7 197.6 384.4
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grains surrounded by small ones up to 1100 °C. Therefore, the value of
σGB can be estimated using a modified Hall–Petch relation as:

σGB ¼ f small
kyffiffiffiffiffiffiffiffiffiffiffi
dsmall

p þ f large
kyffiffiffiffiffiffiffiffiffiffiffi
dlarge

q ð14Þ

where ky is the strengthening coefficient taken as 452 MPa/μm1/2 [62].
fsmall, flarge and dsmall, dlarge in Eq. (14) are the area fractions and average
grain sizes of the small and large grains, respectively; and values of
them have been plotted in Fig. 3h and i. Thus, the increments in yield
strength resulting from the grain-size refinement are calculated and
listed in Table 3.

The solid solution strengthening also contributes to the increase in
yield strength of steels, and has been studied in several previous work
[63–68]. For the case of austenitic stainless steel, Van Bohemen pro-
posed an expression to obtain σSS as follows [67]:

σSS ¼ ∑iBiCi ð15Þ

where Bi is the strengthening coefficient of i-th alloying element in the
unit of MPa/wt%, Ci is the concentration of i-th alloying element in wt
%. Since the heat-treated samples have a comparable composition as
the powder (as substantiated by Table S1), it results in σSS to be
96.6 MPa for all samples.

The yield strength is somewhat enhanced due to the precipitation of
the Si-rich nanoparticles. The strengthening mechanisms of the Si-rich
nanoparticles are still highly unclear unfortunately [5,6]. Although
there are many uncertainties in the interaction between dislocations
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and precipitates [69,70] and the elasticmodulus of Si-richnanoparticles,
the model proposed by Russel and Brown [71] was successfully applied
in many studies [69,70]. In this model, the precipitates have an attrac-
tive interaction with dislocations, and hinder the dislocation move-
ments, resulting in a strength increment [69]. The corresponding
strengthening can be obtained by assuming dislocations cut through
the weak particles, and the equation is expressed as [71]:

σP−Cut ¼ M
Gb
L

1−
Ep
Em

� �2
" #3

4

; sin−1 Ep
Em

� �
≥50� ð16Þ

whereM is the Taylor factor derived from the EBSDmeasurements to be
3.06–3.12 (Table S3), b= 0.2546 nm is themagnitude of Burgers vector
in austenitic steels, G= 73 GPa is the shear modulus [40], Ep and Em are
the dislocation line energy in the Si-rich nanoparticles and matrix, re-
spectively. L is the average spacing on the glide plane for nanoparticles.
The ratio of Ep/Em is particle size dependent and is suggested as [71]:
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Ep
Em

¼ E∞P
E∞m

log R
r0

log r
r0

þ log r
RP

log r
r0

ð17Þ

where r and r0 is the inner cut-off radius and outer cut-off radius of the
dislocation stress field, respectively. In the present work, the values of r
and r0 are taken as 2.5b and 1000r, respectively [72]. EP∞/Em∞=0.62 is the
energy per unit length of a dislocation in an infinite medium [70]. RP is
themean radius of the Si-rich particles, whose value has beenmeasured
and listed in Table S3. The average spacing, L, on the glide plane can be
calculated as follows [73]:

L ¼
ffiffiffiffiffiffiffiffi
2π
3 f P

s
RP ð18Þ

where fP is the volume fraction of the nanoparticles, which has been
measured and shown in Table S3. Therefore, the strength increment
caused by the interaction between dislocations and precipitates are cal-
culated and listed in Table S3.

Apart from assuming that the Si-rich nanoparticles are soft and can
be cut by dislocations, dislocations are also likely to by-pass the particles
via the Orowan strengthening mechanism [5,74]. The contribution to
strength resulting from the dislocation looping can be evaluated accord-
ing to [5].

σP−Loop ¼ Gb
L−dP

ð19Þ

where Lhas been defined previously, and values are listed in Table S3. dP
is the average diameter of nanoparticles (Table S3). This yields a
strengthening effect of 11.7–14.2 MPa, which is very close to the pre-
dicted results of Russel-Brown model, and both of them are negligibly
small. In the further evaluation and in Table 3 the values from the
Orowan model has been adopted for the strengthening mechanisms
originating from the nanoparticles.

The strength contribution from dislocations can be estimated by
subtracting the friction stress, grain size strengthening, solid solution
strengthening and precipitation strengthening from the yield strength,
and the corresponding values are listed in Table 3. In addition, by
using Eq. (12) the corresponding hardness coming from different
strengthening components can be calculated. For a better comparison,
a schematic map of the different hardening components for the present
L-PBF alloy is summarized in Fig. 7d. It can be clearly observed thatwith
the increase of annealing temperature, the contributions of dislocations
and grain size gradually decreases, but more than 50% of the hardness
increment comes from the contribution of dislocationsunder any condi-
tions. Similar findings were also reported in other L-PBF alloys with dif-
ferent microstructures, such as the precipitation strengthened IN738LC
superalloy [9] and single-phase steel [40], inwhichdislocation strength-
ening contributed 53.3% and 67.9% of the yield strength, respectively.

4.1.2. Effect of dislocation-type on the hardness of L-PBF 316 L SS
It iswidely accepted that GNDs and SSDs have equal contributions to

the strength of alloys [22,23,50,75]. Therefore, this part of strength can
be expressed by the well-known Taylor relation [23]:

σDis ¼ MαGb
ffiffiffiffiffiffiffiffiffi
ρTOT

p ¼ MαGb
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ρGND þ ρSSD

p ð20Þ

Combining Eqs. (13) and (20), both the density of total dislocations
(ρTOT) and SSDs (ρSSD) can be estimated as follow:

ρTOT ¼ σy−σ0−σGB−σSS−σP

MαGb

n o2
ð21Þ

ρSSD ¼ ρTOT−ρGND ð22Þ

M, G and b have been defined previously in Eq. (16). α is an empir-
ical constant related to the dislocation structures [40,76]. For the as-
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built material and samples heat-treated up to 1100 °C, dislocation
formed structures (cellular walls or sub-GBs) present in themicrostruc-
tures, thus α is 0.23 [76]; whereas, α = 0.3 for the no cell-forming dis-
location distribution in the 1200 °C-40 min sample [9]. ρGND has been
evaluated by the EBSD-acquired orientation maps in Section 3.3.

The total dislocation density calculated from the dislocation
strengthening using Eq. (21) is plotted on Fig. 7c, and decreases from
6.86 × 1014 to 1.39 × 1014/m2 with increasing annealing temperature,
which coincides well with themeasured values from TEMmicrographs,
as illustrated in Fig. 7c. In addition, to further confirm the validity of the
total dislocation density, the modified Williamson-Hall method was
performed on the basis of XRDmeasurements, see details in the Supple-
mentary material (Section S9). The results are consistent with that de-
termined from TEM micrographs and the Taylor's hardening model.
They are also reasonably comparable to the values measured for an L-
PBF Fe-20Cr-16Ni austenitic SS in Ref. [77]. This validation suggests
that the acceptable accuracy of the total dislocation density is obtained
for the present L-PBF alloy. The average density of SSDs can be obtained
by subtracting the EBSD-measured GND density from the total disloca-
tion density using Eq. (22). In Fig. 7c, the average SSD density shows a
decline from 9.73 × 1013 for the as-built sample to 7.43 × 1012/m2

after annealing at 1200 °C. Apparently the accuracy of the estimated
SSD density will largely depend on the accuracy of the total dislocation
density and GND density. The total dislocation density is carefully stud-
ied by considering the separate strengthening components and the
Taylor's hardening model, whose value agrees well with that measured
from TEM micrographs. As for the GND density determination, more
than 800 grains were analyzed for each sample, and the GND density
of all heat-treated samples are larger than the noise floor (1.7 × 1013/
m2). In addition, the parameters used for the EBSD scanning, such as
step size, also have a significant impact on GND density. In the present
work, a step size of 200nm is chosen according to the recommendations
by Wright [78], which is small enough to reveal the cellular structures
(with the average size of 530 nm) and large enough to have an accept-
ablemeasurement duration. Therefore, both the TEM-measured and the
Taylor's model-estimated total dislocation density as well as the EBSD-
measured GND density provide a high confidence of accuracy to esti-
mate the SSD density. It also can be seen that the proportion of SSDs
in the total density decreases rapidly, fromabout 14.2% for as-built sam-
ple to 5.3% for 1200 °C-40 min sample, indicating that the SSDs are less
stable than GNDs and the strengthening contribution from SSDs dimin-
ishes rapidly during heat treatments. As reported by Zhi [22] and Zhu
[20], the SSD density largely depends on the degree of deformation,
while GND density shows weak dependence. In the present work, the
thermal distortions induced during printing process are released in
the post-processing treatments, which explains the variation of SSD
density as a function of annealing conditions. Further analysis shows
that under all annealing conditions the GND type dislocations account
formore than 85.8% of total dislocations. Hence, the hardness of present
L-PBF alloy is governed predominantly by GND type dislocations.

4.2. Relationship between microstructural evolution and hardening nature

The complete set of the evolution ofmicroscopic data (cellular struc-
ture, chemical segregation and dislocation density) and macroscopic
data (grain dimension and recrystallization behavior) with annealing
conditions studied in this work were collected and summarized sche-
matically in Fig. 8. The grain shape and size appear largely unaffected
by heat treatment up to 1050 °C, but at 1200 °C they changed signifi-
cantly due to the occurrence of recrystallization. Dislocation tangled cel-
lular structures can be observed in the as-built and 700 °C-40 min
samples, but after the treatment at 900 °C for 40 min the dislocations
are no longer trapped by the cellular walls due to a homogeneous redis-
tribution of elementswithin the subgrain interiors.With the progress of
recovery, the GNDs migrate from cellular walls to more energetically-
favourable regions, which result in the higher concentration of GNDs



Fig. 8. Schematic showing the microstructural evolution dependence of annealing conditions. (For interpretation of the references to color, the reader is referred to the web version of
this article.)
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along the sub-GBs and formation of new subgrains, as shown by Fig. 8b
and c. The total dislocation density gradually decreases from
6.86 × 1014/m2 for the as-built alloy to 3.67 × 1014/m2 for the
1050 °C- 40 min sample due to the occurrence of recovery. After heat
treatment at 1200 °C for 40min, the dislocation density significantly de-
creases to around 1.39×1014/m2;meanwhile, the volume fraction of re-
crystallized grains promptly increases to 90%. During heat treatment,
strength contribution from SSDs diminishes more rapidly than that
from GNDs, which is due to the SSDs largely depends on the release of
thermal distortions formed in printing. Under all annealing conditions,
more than 50% of the hardness increment comes from the dislocation
strengthening, while changes in the contribution of other strengthening
mechanisms are negligible. In addition, since the majority of the total
dislocations are the GNDs, the hardness of the present L-PBF alloy is
governed predominantly by the GND type dislocations.

5. Conclusions

In the present work, the relationships between microstructure and
the hardening nature of the L-PBF 316 L SS through heat treatment ex-
periments are revealed. The microstructural evolutions were
systematically investigated using integrated experimental efforts and
calculations. The density and distribution of GNDs were measured uti-
lizing the Hough-based EBSD method, and the SSD density was esti-
mated according to the Taylor's hardening model. A fundamental
understanding of dislocation-type, namely GNDs and SSDs, their stabil-
ity during annealing treatments, as well as their impacts on the harden-
ing nature of the L-PBF alloy has been accessed. The main conclusions
are summarized as follows:

(1) The significantmicrostructural features of the present L-PBF alloy
arecellularstructures,MPBsandhighlyserratedGBs,whosetransi-
tion conditions are 900 °C-40 min, 1050 °C-10 min and over
1050°C, respectively.Dislocationsareno longer trappedbythecel-
lularwalls after treatment at 900 °C for 40mindue to thehomoge-
neous redistribution of elementswithin the subgrain interiors.

(2) A model for estimating yield strength of L-PBF alloys from hard-
ness has been established, and the expression is as follows: YS=
H0
3

� �
0:1ð Þm−1:79, which shows excellent agreement (error< 3.2%)
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when calculating the yield strength for various L-PBF alloys with
different microstructures.

(3) The total dislocation density determined by Taylor's hardening
model agrees well with that measured from TEM micrographs,
which gradually decreases from 6.86 × 1014/m2 for the as-built
alloy to 3.67 × 1014/m2 for the 1050 °C- 40 min sample due to
the occurrence of recovery. After heat treatment at 1200 °C for
40 min, the dislocation density significantly decreases to around
1.39 × 1014/m2; meanwhile, the volume fraction of recrystalliza-
tion grains promptly increases to 90%.

(4) The microstructure-averaged GND density decreases from
5.89 × 1014 to 1.32 × 1014/m2with increasing temperature from
20 °C (as-built state) to 1200 °C. With the progress of recovery,
the GNDs migrate from cellular walls to more energetically-
favourable regions, resulting in the higher concentration of GNDs
along the sub-GBs and division of grains into small subgrains.

(5) Average density of SSDs was estimated by subtracting the EBSD-
measured GND density from the total dislocation density based
on the Taylor's hardening model. The average SSD density de-
creases from 9.73 × 1013 for the as-built material to 7.43 × 1012/
m2 for the 1200 °C-40 min sample. The SSDs are less stable than
GNDs during heat treatment due to that the SSD density largely
depends on the release of thermal distortions formed in printing.
Under all annealing conditions, the dislocation strengthening con-
tributesmore thanhalf of hardness increment, and themajority of
the dislocations are theGNDs. Therefore, the hardness of the pres-
ent L-PBF alloy is governed predominantly by the GNDs.
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