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Abstract
We use a combination of in-situ x-ray scattering experiments during annealing and phasefield simulations to study the strain and microstructure evolution during decomposition of
TiAlN thin films. The evolved microstructure is observed to depend on the initial alloy
composition, where the larger elastic anisotropy of higher Al content films causes
formation of elongated AlN and TiN domains. The simulations show strain formation in
the evolving cubic AlN and TiN domains, which is a combined effect of increasing lattice
mismatch and elastic incompatibility between the domains. The experimental results
show that the strain of the film is a result of defect density, thermal strains, and the phase
evolution during decomposition of the cubic TiAlN. The compressive strain increases at
temperatures above ~850 °C for Ti0.35Al0.65N and above ~930 °C for Ti0.53Al0.47N due to
the onset of transformation to hexagonal-AlN, which is similar to the temperature where
the maximum hardness of similar TiAlN films has been found. The higher driving force
for decomposition in the higher Al content film results in a higher decomposition rate
revealed by the simulations and earlier formation of hexagonal-AlN in this film.
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1. Introduction
TiAlN is one of the most studied ternary transition metal nitrides systems. The metastable
cubic structure is known to decompose during annealing into its equilibrium phases cubic
(c) TiN and hexagonal (h) AlN. It was early observed that the system exhibits age
hardening when annealed due to the decomposition of the solid solution into c-TiN-rich
and c-AlN-rich regions [1-3]. Ab-initio calculations show that the system exhibits a
miscibility gap [4, 5] and the decomposition is thus considered to be of the spinodal type.
Knutsson et al. [3] observed that after annealing of TiAlN, coherent regions enriched in
c-TiN and c-AlN are formed. The coherency strains formed act as barriers for dislocation
motion contributing to the age hardening. Also the difference in elastic properties
between domains of different composition will enhance the mechanical properties,
similar to what was predicted by Koehler for materials consisting of phases with different
shear modulus [6]. Tasnadi et al. showed that there is a significant change in the elastic
properties of TiAlN when the Al content is changed [7].
The elastic properties are also important for the microstructure evolution during spinodal
decomposition, as was shown by Cahn [8]. Further, phase field simulations by Seol et al.
[9] showed that the microstructure in a thin film will depend on the elastic anisotropy of
the material. They also observed that the coherency strains formed during decomposition
can influence the microstructure. However, there is a lack of knowledge on how the
evolving strains arise and its influence on the decomposition process.
In this study, we use in-situ high energy x-ray diffraction (XRD) experiments to study
both the strain and microstructure evolution during decomposition. In addition, we use
simulations based on the phase-field method of the strain and microstructure evolution to
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establish and separate different effects contributing to the strain evolution during
annealing.
The phase field approach used here is based on a description of Gibbs free energy using
ideal mixing of the entropy and enthalpy of mixing collected from the literature [10]
together with a modified Cahn-Hilliard [11] time dependent partial differential equation
to predict the microstructure evolution over time for different alloy compositions. We
also include an elastic energy term that takes into account the influence of elastic
properties and anisotropy [7], and the non-linear lattice parameter dependency on alloy
composition of this system [5, 12]
The high energy in-situ XRD experiments were performed during annealing of arcevaporated TiAlN thin films in transmission geometry. Such set up allows for phase
specific strain data collection [13]. As the full diffraction rings can be used in the analysis,
the strain in both in-plane and the film growth direction are recorded. Since the exposure
time required is of the order of 30 s, time-resolved experiments can be performed, which
enabled us to study the strain evolution during phase decomposition of these films.
Strain contributions arising during annealing from the decomposition process and those
arising from defect annihilation and other processes are distinguished by comparing
experimental and theoretical results.
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2. Experimental details
TiAlN films were deposited using an industrial scale arc-evaporation system. TiAl alloy
cathodes were evaporated in a N2 reactive gas at a temperature of ~500 °C. Substrates
were mounted on a drum that rotates during deposition and a negative bias was applied to
the substrates.
For in-situ diffractometry experiments substrates of polished WC-Co were used and
depositions were made with two different cathode compositions (Ti0.50Al0.50 and
Ti0.33Al0.67). For each composition, samples with low bias (20 V) and high bias (40 or 60
V) were deposited. After deposition, the substrates were cut into 1 mm thick cross
sectional slices. Fractured cross sections were studied in a LEO 1550 FEG scanning
electron microscope (SEM). The metal composition of the as-deposited films was
determined by energy dispersive x-ray spectroscopy (EDS) in the SEM. Mechanically
polished and ion-milled cross sections of an as-deposited sample and a sample, postdeposition annealed for 2 hours at 900 °C, was studied by (scanning) transmission
electron microscopy ((S)TEM) using a FEI Technai G2 instrument.
Thin films with three different compositions (using Ti0.75Al0.25, Ti0.50Al0.50 and Ti0.33Al0.67
cathodes, respectively) were deposited onto Fe-foils, using the same deposition
parameters and with a bias of 20 V, for powder diffraction and thermal analysis
experiments. The films were detached from their substrates through substrate etching in
hydrochloride acid. The remaining film was cleaned in de-ionized water, ground to a fine
powder and placed in a plastic container.
Thermal analysis was performed using a Netzsch STA 449 F3 Jupiter differential
scanning calorimeter (DSC). The heat flux was recorded during a heating cycle from
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room temperature to 1410 °C and back to room temperature with a constant heating rate
of 20 °C/min in an Ar atmosphere. A second cycle was made immediately after the first
to serve as base line correction.
X-ray scattering experiments were performed at beamline 1-ID at the Advanced Photon
Source (APS) at Argonne National Laboratory. For in-situ experiments, a sample cut to 1
mm thickness was placed with the growth direction parallel to the vertical direction as
schematically shown in fig. 1. The sample was mounted in a tungsten holder to ensure
even sample heating and the holder was placed inside a vacuum furnace. The pressure in
the furnace was below 5·10-3 Torr during measurement and the samples were heated with
a constant rate of 5 °C /min. An area detector (GE Angio) with 200x200 µm2 pixels was
placed downstream from the sample. Exposures were taken every 13th second, each
exposure consisting of ten summed 1 s snap shots. For powder diffraction measurements,
the plastic holder containing the powder was placed in the beam at 1304 mm from the
detector. Exposures consisting of 5 summed 1s snap shots were taken for each sample.
The sample-to-detector distance was calibrated using a NIST reference material (CeO
powder) for both types of experiment. The accuracy of the lattice parameter as
determined by powder diffraction is determined by the uncertainty of sample positioning
relative to the CeO powder (~ ±0.1 mm) and the accuracy of the CeO lattice parameter
(5.4111 Å).
The two-dimensional diffraction patterns were transformed to 72 one-dimensional
patterns using azimuthal bins of 5° each. Pseudo-Voigt functions were fitted to the
diffraction peaks of the one-dimensional patterns to extract lattice spacings (d) and full
width at half maximum (fwhm) for each azimuthal bin and for all diffraction peaks.
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Figure 1: Schematic of the experimental setup for in-situ x-ray scattering showing the tilt
angle, ψ, and the film in-plane (IP) and growth (GD) directions.

For the powder samples, the peak positions were determined for each azimuthal bin and
the mean value was calculated. The mean peak position was then recalculated to lattice
parameters, a 0hkl , for the (111), (200), and (220) planes. The average value of the three
lattice parameters ( a 0111, a 0200 and a 0220 ) was calculated and is reported here. The radial
strain in the films was determined by εψ = (dψ-d0)/d0 where d0 is the strain-free lattice
spacing and dψ is the lattice spacing at tilt angle ψ, see figure 1. The strain-free lattice
spacing was obtained from the powder diffraction, and corrected for thermal expansion
during the in-situ measurements. The strain reported here is the strain in the film in-plane
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(IP), ψ = [80:100°], direction and for the peak width the mean value for all azimuths is
shown.

3. Simulations
A continuous phase field approach in two dimensions is used where TiAlN is
approximated as a pseudo-binary system consisting of TiN and AlN. The nitrogen
content is homogenous throughout of the simulation box and the model only accounts for
substitution diffusion of Ti and Al on the metal lattice. A 50 x 50 nm2 two-dimensional
box with approximately 100 000 nodes in a triangular mesh is used to simulate the
microstructure evolution in the [00-1]-direction. An initial fluctuation of the composition
is imposed to start the decomposition, i.e. to mimic the effect of randomly occurring
compositional variations due to thermal fluctuations in a real sample. As the
compositional fluctuations in the box are randomized they will not influence the resulting
microstructure evolving during decomposition.
For each node, the phase field variables are solved for each time step. The driving force
for decomposition is the minimization of the systems Gibb’s free energy, ΔG, where the
difference compared to the pure TiN and AlN is given by

G 

1
Vm


  Gm ( xk )   xk



2


 Eel ,m d .


(1)

Here, xk is the molar fraction of element k, Gm is the free energy of mixing per mole for a
homogeneous system, κ is the gradient energy coefficient, and Eel,m is the elastic energy
per mole and the integration is performed over the whole volume, Ω. The different terms
of eq. (1) are described in more detail below. The molar volume, Vm, is considered to be a
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constant and equal to 1.076x10-5 m3 based on calculations for a face centered cubic
structure with a lattice parameter of 4.15 Å (Ti0.33Al0.67N) [5, 12].
Using the modified Cahn-Hilliard equation [11]

Eel ,m
 G
xk
  M '  m  2 2 xk 
t
x k
 x k



  ,



(2)

the variation of composition in space and time is calculated. The M’-parameter is related
to the mobility, M, of the diffusing species, for a dilute solution, as

M '  x A xB  xB M A  x A M B   x A xB  x A DB  xB DA  / RT ,

(3)

where A and B denotes the two elements (Ti and Al), T is the temperature and R is the
molar gas constant. The mobility depends on the self diffusivities, Dk, which in this case
are assumed to be equal and constant for Ti and Al so that DA=DB=10-19m2/s at 900 °C.
There are three contributions to the driving force in the Cahn-Hilliard equation, eq. (2).
The first term is the free energy of mixing,

Gm ( xk )  Gmix  H mix  TS mix ,

(4)

where the enthalpy of mixing, ΔHmix, is assumed to take the form of a Redlich-Kister
polynomial, Ln, to the order of n=3,
n

H mix  x A x B  x A  x B   Ln .
n

(5)

i 0

The Ln constants are fitted to DFT data [10].
The entropy of mixing, ΔSmix, is, assuming ideal mixing, given by,

S mix   Rx A ln x A  x B ln x B  .

9

(6)

The second term in eq. (2) is the gradient energy and is described in the same manner as
Cahn-Hilliard did [11] i.e. distributing the enthalpy of mixing on the nearest neighbor
bonds,



b2
2

n

 x
i 0

 x B   Ln ,
n

A

(7)

where b is the interatomic distance.

The third term of eq. (2) is the contribution from elastic energy where the difference in
elastic energy is taken as

Eel ,m 

1
 x  x   m    y  y   m    xy  xy  Vm ,
2

(8)

where the stress, σij for a cubic crystal is

 x C 11 x C 12  y  C 112C 12  m

 y C 11 y C 12  x  C 112C 12  m

(9)

 xy C 44  xy .
The stress is calculated using elastic stiffness constants, Cij(xA), for TiAlN dependent of
the composition as calculated from DFT [7]. εm is the so called eigenstrain, i.e. the
relaxed strain relative to the relaxed strain of the initial state. The eigenstrain, εm, is given
by the difference in stress-free (relaxed) lattice parameter for a specific composition, ar,
relative to arinitial ,

 m  ar  arinitial  / arinitial ,

(10)

where arinitial is the stress-free (relaxed) lattice parameter of the initial composition. The
relaxed lattice parameter is obtained by a fitted cubic polynomial function to DFT data [5,
12]. The strain in x and y directions relative to the initial conditions is
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u v
 xy 
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y x

x 

(11)

where u and v are displacement vectors in x and y direction respectively. The elastic
strain in eq. (8) is taken as the difference between the actual strain and the unconstrained
coherency misfit. The eigenstrain is not contributing to shear strains.
The simulations are performed at 900 °C and boundary conditions are set such that no
forces are acting on the simulation box,

 x  xy

0
x
y
 y  xy

 0.
y
x

(12)

The elastic energy term is solved exactly. The partial differential equations, eqns. (2) and
(12), are solved using the commercial software Flex PDE [14].
For comparison with experimental data, constant strains are set on the boundaries with
values from the experimental results in the film in-plane (x) and growth (y) direction, the
values are found in table 1 below. The microstructure is plotted for several time steps in
the [00-1]-direction for different compositions to compare with the experimental data.
The strain in the x and y directions, corresponding to the experimental film in-plane and
growth direction, is calculated as

 IP   x   m  / 1   m   aIP  ar  / ar
 GD   y   m  / 1   m   aGD  ar  / ar .
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(13)

Here, aIP and aGD is the lattice parameter in the in-plane and growth direction (x and y
direction), respectively, and ar is as before the relaxed lattice parameter obtained from
ab-initio calculations [5, 12].

Table 1: Strain determined from the in-situ x-ray diffraction measurements at 500 °C.
The corresponding stress is calculated using elastic constants from ref. [7]. The ε200
values for Ti0.53Al0.47N (20 V) and Ti0.35Al0.65N (20 V) were used as boundary conditions
in the simulations.

Sample (bias)

ε200IP

Ti0.53Al0.47N (20 V)

-0.00445
9.46x10-5
-0.00597
5.69x10-4
-0.00338
1.06x10-5
-0.00939
3.08x10-4

Ti0.53Al0.47N (40 V)
Ti0.35Al0.65N (20 V)
Ti0.35Al0.65N (60 V)

ε111IP
±
±
±
±

-0.00298
6.34x10-5
-0.00482
2.82x10-4
-0.00189
7.02x10-5
-0.00670
7.92x10-5

E111
(GPa)
489

σ200 (GPa)

σ111 (GPa)

±

E200
(GPa)
386

-1.72 ± 0.039

-1.46 ± 0.034

±

386

489

-2.30 ± 0.22

-2.36 ± 0.14

±

359

515

-1.21 ± 0.0072

-0.97 ± 0.039

±

359

515

-3.37 ± 0.11

-3.45 ± 0.041

The strain is determined for three composition intervals, comparable to the
experimentally measured strain in TiAlN, TiN, and AlN. The intervals were set to 0-20 %
AlN in TiN, 20-80 % AlN in TiAlN and 80-100 % AlN in AlN. In each composition
interval the mean strain is calculated and plotted against time.
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4. Results
The metal composition of the Ti1-xAlxN films as determined by EDS is x=0.24, x=0.47
and x=0.65 when using Ti0.75Al0.25, Ti0.50Al0.50, and Ti0.33Al0.67 cathodes, respectively.
The slightly lower Al content in the film compared to the cathode is due to preferential
resputtering of the lighter Al atoms during deposition [15]. Figure 2 shows the lattice
parameter determined for the three compositions together with the lattice parameter of
arc-evaporated TiN deposited under similar conditions [13] and the lattice parameter
determined by ab-initio calculations from ref [5, 12]. The calculated lattice parameters
are observed to deviate from the linear Vegard’s law and the same trend can be observed
for the experimental results. Similar observations have been made by Mayrhofer et al.
[16].

Figure 2: Lattice parameter as determined experimentally (circles) and from ab-initio
calculations (line + squares) [5, 12]. Filled circles are from powder diffraction within this
work, the value for TiN is taken from ref. [13]. The error bars of the experimental data
are smaller than the symbols.
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The as-deposited films have a dense and columnar structure and a thickness between 5
and 9 µm as determined from fractured cross sections studied in the SEM (not shown).
Figure 3 (a) shows a TEM micrograph of the as-deposited Ti0.53Al0.47N film in which the
film is observed to have a defect rich columnar structure. Figure 3 (b) shows a STEM
micrograph of the same film annealed for 10 min at 1000 °C. Bright and dark regions are
observed, the contrast arising from varying composition due to separation into TiN- and
AlN-rich domains.

Figure 3: (a) Bright field TEM micrograph of the as-deposited Ti0.53Al0.47N (20 V) film
and (b) elemental contrast STEM micrograph of a Ti0.53Al0.47N (20 V) thin film annealed
for 10 min at 1000 °C.
14

Figure 4 shows the heat flow as determined by DSC for Ti0.53Al0.47N and Ti0.35Al0.65N.
The peak labeled T1 probably consists of more than one peak and it starts at temperatures
below the deposition temperature. The second peak, labeled T2, has a maximum at
around 850 °C for the high Al content films and around 1000 °C for the lower Al content.
Also the third peak, labeled T3, occurs at higher temperature for the lower Al content.
The peak has a maximum around 1100 °C for Ti0.35Al0.65N and around 1200 °C for
Ti0.53Al0.47N. All three peaks have similar positions for the low and high bias Ti0.35Al0.65N
film.

Figure 4: Heat flow of Ti0.53Al0.47N and Ti0.35Al0.65N (20 V) and Ti0.35Al0.65N (60 V) thin
films (color online).
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Figure 5 (a) and (b) show one-dimensional lineouts from the in-plane direction (ψ =
[80:100°]) of the Ti0.53Al0.47N and Ti0.35Al0.65N films, respectively, deposited with low
(20 V) bias. The diffractogram at the top of the figures shows the as-deposited film and
the other are diffractograms recorded at an elevated temperature (Ta) between 850 and
1150 °C with a temperature interval of ~10 °C. No diffraction peaks other than c-TiAlN
and peaks originating from the substrate are observed for the as-deposited films. At
around 950 °C, for both compositions, a shoulder is observed at the right-hand side of the
c-TiAlN peaks corresponding to c-TiN. As the temperature is increased further, the
intensity of the TiN peaks increases while the intensity of the c-TiAlN decreases. For
even higher Ta, ~1130 °C for Ti0.53Al0.47N and 1030 °C for Ti0.35Al0.65N, diffraction peaks
from h-AlN are observed.
Figure 6 (a) shows the experimentally observed strain evolution with temperature in the
in-plane direction of the Ti0.53Al0.47N film deposited with low (20 V) bias. The strain is
more or less constant for Ta<850 °C. For Ta>930 °C, the compressive strain increases in
the c-TiAlN phase. The TiN formed above 950 °C is compressively strained in the inplane direction and so is the h-AlN as it is formed. Between 1000 and 1100 °C, the
diffraction peaks are broad and the difference in position of the c-TiAlN and c-TiN peak
is small, see fig. 5. Thus, the scattering of data within this temperature range is an effect
of peak broadening and overlap, giving rise to an uncertainty in determining the correct
peak position. Figure 6 (b) shows the scattering domain size from small angle scattering
measurements on a Ti0.53Al0.47N thin film deposited with the same deposition parameters
(20 V) taken from ref. [17]. The in-plane diameter of the first detectable domains is 2.4
nm at Ta=866 °C and the domains grow with temperature to reach 8.0 nm at Ta=1011 °C.
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Figure 5: XRD lineouts with temperature increasing from 850 °C to 1150 °C, with an
interval of ~10 °C, for the in-plane direction of (a) Ti0.53Al0.47N and (b) Ti0.35Al0.65N thin
films. The top diffractogram in (a) and (b) shows the lineout of the as-deposited film.
Peaks are labeled showing un-strained lattice spacing for room temperature (lowest d) to
1150 °C with a coefficient of thermal expansion of 5x10-5 °C -1.
17

Figure 6: (a) strain in the film in-plane direction for Ti0.53Al0.47N and deposited with 20 V
bias showing c-TiAlN below 1050 °C (filled circles) and c-TiN (open circles) and h-AlN
(filled triangles) above 1050 °C and (b) domain size extracted from small angle scattering
data taken from ref. [17] (color online).

In figure 7 (a), the in-plane strain in the [200]-direction is shown for Ti0.53Al0.47N and
Ti0.35Al0.65N deposited with low bias (20 V) and Ti0.35Al0.65N deposited with high bias
(60 V). Comparing the two low bias films, the increase in strain is observed to occur at a
lower Ta for the higher Al content, at ~850 °C for Ti0.35Al0.65N and at ~930 °C for
Ti0.53Al0.47N. The high bias film exhibits a decrease in compressive strain for Ta<850 °C
while at higher Ta (850-950 °C) the strain is almost constant. The TiN phase formed is
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compressively strained with about the same magnitude for both Ti0.35Al0.65N films while
the strain is higher for TiN in the Ti0.53Al0.47N film.

Figure 7: (a) strain in the in-plane direction and (b) orientation averaged peak width
extracted from the 200 diffraction line for Ti0.53Al0.47N and Ti0.35Al0.65N (20 V) and
Ti0.35Al0.65N (60 V) thin films. The strain and fwhm is shown for c-TiAlN below 1050 °C
(filled circles) and c-TiN above 1050 °C (open circles). In (b) the fwhm of the WC (1010) diffraction peak is also shown (color online).
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Table 1 lists the strain and stress in the in-plane direction of the films measured at 500 °C,
similar to the deposition temperature. The orientation dependent Young’s modulus is
calculated using the Reuss model and elastic compliances from ab-initio calculations [7].
The Reuss model assumes that the stress and strain is equal for all grains in the sample
and has previously been used to describe stresses in thin films [13]. All films exhibits
compressive residual stress in the in-plane direction and the stress is higher for the films
deposited with higher bias.
Figure 7 (b) shows the orientation averaged peak width of the c-TiAlN and c-TiN (200)
peak. It can be observed that at the deposition temperature for the two low-bias films, the
width of the c-TiAlN (200) peak is larger for the higher Al content film. The peak width
is decreasing slightly with temperature for Ta<850 °C while at higher Ta the peak width
increases. The c-TiAlN (200) peak of the film deposited with higher bias shows larger
widths at the deposition temperature and the width decreases with Ta. The TiN formed at
Ta>1000 °C has similar peak width for all three films and the width is decreasing with
temperature. Shown in figure 7 (b) is also the width of the WC (10-10) diffraction peak,
which is almost constant and smaller than the film peaks for all temperatures, and
provides an effective instrumental reference width.
Figure 8 shows the change in peak width with temperature for the in-plane and growth
direction of the Ti0.53Al0.47N film. Initially the c-TiAlN peaks are slightly wider in the
film in-plane direction. At Ta> 950 °C, the peak width increases and the increase is larger
in the in-plane direction than in the growth direction. The c-TiN phase formed above
1000 °C also shows larger peak width in the in-plane direction of the film. As the
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temperature is increased further, the width of the peaks decreases and at Ta>1125 °C
there is no difference between in-plane and growth direction.

Figure 8: Peak width extracted from the 200 diffraction line in the in-plane and growth
direction for the Ti0.53Al0.47N (20 V) thin film for c-TiAlN below 1050 °C (filled squares)
and c-TiN above 1050 °C (open squares) (color online).

Figure 9 (a) and (b) show the simulated microstructure evolution of Ti0.50Al0.50N and
Ti0.33Al0.67N viewed in the [00-1]-direction, where white is AlN and black is TiN. With
increasing time at 900 °C, separation into AlN and TiN domains begins, after 25 s in
Ti0.50Al0.50N and after 5 s in Ti0.33Al0.67N. The microstructure that evolves during
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decomposition is observed to differ for the two compositions with more elongated
domains for the higher Al content.

Figure 9: Simulated microstructure, (a) and (b), and strain, (c), evolution of Ti0.50Al0.50N
and Ti0.33Al0.67N. In (a) and (b) the microstructure of Ti0.50Al0.50N and Ti0.33Al0.67N is
shown for three time steps, respectively, showing AlN domains in white and TiN
domains in black. In (c) the strain evolution in the [100] (in-plane) direction of
Ti0.33Al0.67N is shown as a function of time.
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Figure 9 (c) shows the strain evolution in the [100] (in-plane) direction during
decomposition of Ti0.33Al0.67N. The strain in the TiAlN phase is constant before the
decomposition starts at the value set by the boundary conditions, see table 1. A small
decrease in compressive strain can be observed as the decomposition begins. The TiN
phase is compressively strained as it is formed. The AlN phase also shows compressive
strains as decomposition begins, after which it decreases and is stabilized at a small
tensile strain.

5. Discussion
5.1 Structure and strain of as-deposited films
The lattice parameter as determined from powder diffraction, fig. 2, agrees well with abinitio calculations of c-TiAlN [5, 12] suggesting that the films consist of a well mixed
solid solution. The calculations are known to overestimate the lattice parameter, leading
to the observed trend relative to experimental results shown in the figure [12].
All films studied here have compressive strain in the in-plane direction as is commonly
observed for arc-evaporated films, and primarily attributed to defects created during
deposition [18-20]. Strains in thin films can have several origins [18]. Incorporated
impurities, misplaced atoms and other defects created during growth results in
compressive strains [20-23]. Thermal strains arise from differences in thermal expansion
coefficient between film and substrate or between different phases in the film if the
measurement is performed at another temperature than the deposition temperature [18,
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24]. The presence of two or more phases can result in epitaxial misfit strains [25]. Further,
phase transformations in the film after growth can cause additional strains [18, 26, 27].
The average of strain over all grains in the sample is usually referred to as the
macrostrain and is observed as a shift of the diffraction peak from its un-strained position.
The strain and stress reported in table 1 is measured at the deposition temperature where
the thermally induced strain should be minimized. As the films are single phase in this
case, the measured strains are most likely due to defects in the film. The magnitude of
stress in the as-deposited films is observed to depend on composition as well as on
deposition parameters, see table 1. For films of the same composition, increasing the bias
during deposition increases the stress of the as-deposited film. The low temperature and
substrate bias used here will limit the surface diffusion during deposition, while higher
bias can increase the atom mobility and lead to defect annihilation during growth [21].
The higher bias (60 V) increases the ion bombardment and thus the defect density as the
atom mobility in this case is still too low for defect annihilation to take place.
Comparing the two low-bias films the highest macrostrain at the deposition temperature
is obtained for the film with 50 at.% Al, fig 7 (a). The energy of the ions arriving at the
substrate during deposition depends on the ion charge state and the substrate bias [23].
Using the cathode with higher Ti content (Ti0.50Al0.50) the amount of heavy Ti ions
increases compared to the Ti0.33Al0.67 cathode. Ti ions further have a higher mean charge
state than Al [28] and thus the increased ion energy gives rise to more defects in the
Ti0.53Al0.47N film.
The TiAlN phase shows larger strains along [200] directions than the [111] directions, fig.
6, which is in accord with the elastic anisotropy calculated by Tasnadi et al. [7]. The
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elastic anisotropy also varies with composition and is larger for the higher Al content (not
shown), which is also expected based on the calculations. For TiN detected above 950 °C,
the strains are larger along [111] directions.
Broadening of the diffraction peak is due to variations in strain (or equivalently lattice
spacing) within and/or between grains, and is commonly referred to as microstrain.
Broadening can also be caused by small grain sizes, in addition to local variations in
composition. Due to the large grain size and small strain (~0.008%) in the substrate, the
width of the WC peak is mainly due to instrumental broadening and thus gives a
minimum value of the peak width (instrumental contribution). For all annealing
temperatures, the width of the film peaks is larger than that of the substrate. The coating
grains are on the order of 100 nm, as observed in fig. 3 (a), and at this level should only
weakly contribute to peak broadening. As observed in fig. 8, the peak width of the asdeposited film is slightly larger in the in-plane than growth direction. This is due to the
elongated columnar structure in the growth direction. The peak width is larger for the
higher Al content film, fig. 7 (b). As the macrostrain of this film is smaller than for the
Ti0.53Al0.47N film the increased peak width is not likely to be caused by defects. Instead
the increased peak broadening can come from compositional fluctuations arising during
deposition or a smaller grain size in this film. Higher substrate bias during deposition also
increases the microstrain due to the increased number of defects, fig. 7 (b), which was
also observed for the macrostrain, fig. 7 (a).
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5.2 Microstructure evolution
The phase decomposition is initiated at a temperature of ~1000 °C (see fig. 3) which has
also been observed in e.g., refs. [1-3]. The DSC results in fig. 4 reveals an exothermic
reaction between 900 and 1100 °C, which has been interpreted as the formation of nmsized domains with either TiN or AlN enrichment [2, 29]. The lower heating rate of the
in-situ x-ray diffraction experiments would cause the reaction to take place at lower
temperature compared to the DSC data. Compared to the particle size as determined by
small angle x-ray scattering (SAXS), see fig. 6 and ref. [17], the decomposition has
started already at 850 °C, which is lower than the temperature at which we observe TiN
here. At this temperature (850 °C), however, the difference in Al content between the
domains is still small, wherefore no diffraction peaks from c-TiN or c-AlN are observed.
When diffraction from c-TiN is detected at 950 °C the domain size is of the order of 6 nm
in diameter for Ti0.53Al0.47N as shown by the SAXS results, see fig. 6 and ref [17]. No cAlN peaks can be observed in the lineouts. The domains has been shown to have similar
size [3] but the lower electron density of c-AlN compared to c-TiN results in a lower xray scattering yield of c-AlN thus the diffraction peaks of this phase are not observed.
The simulations show that the elastic anisotropy affects the evolved microstructure,
where the higher anisotropy of the higher Al content film gives domains elongated in the
[100]-direction, fig. 9. The width of the c-TiN diffraction peaks is initially larger in the
film in-plane direction, indicating smaller coherent scattering domains in this direction
and thus TiN domains that are elongated in the growth direction. The presence of
compressive strain in the in-plane direction will make it energetically favorable for the
domains to form perpendicular to this direction. Further, the presence of columnar
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boundaries can favor diffusion in the growth direction. As the c-TiN domains grow, the
difference in peak width in in-plane and growth direction disappears as the domains
become more equiaxed, see fig. 8.

5.3 Strain evolution
During annealing, several factors will influence the strain of the films. The coefficient of
thermal expansion (CTE) is not known for TiAlN. If assumed to be similar to the CTE of
c-TiN, the higher CTE of the film (9.5x10-6 °C -1 [30]) than the substrate (~5x10-6 °C -1
[31]) will result in compressive strains during annealing at temperatures above the
deposition temperature. Commonly for arc-evaporated films, defect annihilation and
stress relaxation take place during annealing at temperatures above the deposition
temperature [32]. In addition to these two contributions, the decomposition of c-TiAlN
will affect the stress state.
The first exothermic peak, T1, in the heat flow curve, fig. 4, has previously been assigned
to defect annihilation and crystal recovery [2, 3]. Defect annihilation would result in a
decrease in compressive strain which is not observed in the temperature region suggested
by DSC results for the low-bias films, see fig. 7 (a). The difference in CTE is expected to
induce increased compressive strains with temperature, which also is not observed. In the
higher bias film, which has a larger initial stress state, the strain decreases with annealing
temperature. Thus, in the low-bias films the simultaneous effects of thermal strains and
defect annihilation makes it difficult to separate the effects, while the larger relaxation in
the high-bias films is observed.

27

A decrease in peak width, corresponding to a decrease in microstrain, is observed
between the deposition temperature and 900 °C for the low-bias films, fig 7(b), indicating
defect annihilation and crystal recovery. For the high-bias film, the peak width decreases
above 800 °C, suggesting that defect annihilation is ongoing at higher temperatures in
this case. Defects resulting from high-energy ion bombardment during deposition are
more stable than defects created when the ion energy is low [32, 33]. Also the DSC
results from the high-bias film indicate that defect annihilation is present at higher
temperatures observed as an apparent larger size of the T2 and T3 peaks due to overlap of
an exothermic peak arising from defect annihilation.
The simulations only show the effect of spinodal decomposition on the strain evolution,
with no consideration taken to thermal expansion or defect annihilation. Neither the
effect of nitrogen diffusion nor the possible existence of h-AlN is considered. Further, the
simulations do not take the effect of grain boundaries into account. Therefore,
comparison between the simulations and the experimental results will enable to separate
the effect of spinodal decomposition from other effects that influences the strain
evolution.
During decomposition, the formation of c-TiN and c-AlN will decrease the molar volume
due to the deviation in lattice parameter from Vegard’s law, see fig. 2. As the film is
constrained by the substrate, it will not be able to decrease its volume and tensile strains
form. This is observed in the simulation results as a decrease in compressive strain in the
TiAlN domains, see fig. 9. Formation of tensile strains during decomposition has also
been observed experimentally for Ti0.50Al0.50N thin films [27]. As was discussed in the
previous section, the decomposition is expected to begin already before 950 °C for
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Ti0.53Al0.47N as suggested by SAXS and DSC results. The small decrease in strain
expected directly when segregation begins is not observed experimentally, perhaps due to
its small magnitude in combination with other factors affecting the strain state.
For both the low-bias films, a large increase in compressive strain is observed as the
decomposition is initiated which cannot be explained by the spinodal decomposition or
the defect annihilation. Also for the thermal strains, the increase is expected to be more or
less linear with annealing temperature. Compressive stresses can be expected to form as
h-AlN forms due to its large molar volume compared to TiAlN. No diffraction peaks
from h-AlN can be observed at temperatures lower than 1030 °C and 1130 °C for the
low- and high-Al content films, respectively, see fig. 5. Nucleation of h-AlN is expected
to take place within c-AlN rich domains. The size of these c-AlN rich domains is ~4 nm
at 900 °C, see fig. 6 and ref. [17], which has also previously been observed [3, 17]. h-AlN
domains, as they form, would have to be smaller than this and thus, possible h-AlN
domains will at this stage be too small to be observed by XRD. Considering the large
difference in molar volume between h-AlN (Vm(h-AlN)=1.27x10-5 m3 [2]) and all the
cubic phases (Vm(TiN)=1.15x10-5 m3 [34] and Vm(Ti0.33Al0.67N)=1.076x10-5 m3, see
section 3) even small amount of h-AlN could influence the strain substantially. Rafaja et
al. [35] observed that for a two-phase mixture of hexagonal and cubic phases in high Al
content TiAlN the lattice strains were increased compared to a single phase film. Grains
of c-TiAlN and h-AlN were found to be partially coherent as observed also in [36],
giving rise to coherency strains. They further found that the hardness of the high strained
two-phase films was increased compared to films with only incoherent grains [35]. Also
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Rachbauer et al. [37] found that formation of h-AlN in the grain boundaries during
annealing of TiAlN thin films increased the microstrain in the c-TiAlN phase.
The temperature range of increased compressive strain is comparable to where the
maximum hardness of TiAlN films has been observed [2, 29, 38]. This age hardening has
been attributed to the formation of coherency strains between cubic domains of different
Al content. The results here show that also the initial formation of h-AlN could contribute
to the increased strain and thus to an increased hardness.
The simulations show that the decomposition is initiated faster for higher Al contents.
The higher Al content film has a larger driving force for decomposition due to the nonsymmetric miscibility gap which is higher at x=0.67 than at x=0.50 [10]. The DSC results
here, also suggest that the decomposition begins at a lower temperature for the higher Al
content film. The increase in strain occurs at lower temperatures for the higher Al content,
fig. 7 (a), while the appearance of diffraction peaks from TiN occurs at about the same
temperature for both compositions. If the decomposition begins at a lower temperature in
the higher Al content film, as predicted by the simulations, h-AlN domains could form
earlier in this film, which would cause an earlier increase in compressive strain in this
case.
As c-TiN and c-AlN form, they will be strained by the remaining TiAlN matrix. c-TiN
has a larger molar volume than the matrix, wherefore this phase has compressive strains
as observed in the results from the simulations, fig. 9 (c). Also from the experimental
results, the c-TiN has compressive strains as it is formed, fig. 7 (b). The simulations show
a change from compressive to tensile strains in the c-AlN phase during decomposition.
This is an effect of the change in TiN-content within the interval which the strain is
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summed over (80-100 % AlN). As the amount of TiN within the composition interval
decreases the strain becomes tensile due to the smaller molar volume of c-AlN compared
to c-TiAlN.

6. Conclusions
The strain and microstructure evolution during decomposition of c-TiAlN thin films have
been studied using a combination of in-situ x-ray scattering and phase-field simulations.
The simulations predict that the composition affects both the microstructure evolution
and the rate of decomposition. The higher elastic anisotropy of the Ti0.35Al0.65N film
results in formation of elongated TiN and AlN domains during decomposition. The
experimental results show that also in the Ti0.53Al0.47N film, the TiN domains formed are
elongated in the growth direction. Experimental findings show that the decomposition is
initiated earlier in the Ti0.35Al0.65N film which is confirmed by the simulations.
The decomposition gives rise to strains in the film as shown by the simulations. The
experimental results also show additional formation of compressive strain during
decomposition, that is not related to the spinodal decomposition. Instead the results
suggest that small domains of h-AlN are formed already in the early stages of
decomposition causing an increase in strain.
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