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Abstract
Hard coatings can extend the life time of a tool substantially and enable higher
cutting speeds which increase the productivity in the cutting application. The
aim with this thesis is to extend the understanding on how the microstructure and
mechanical properties are aﬀected by high temperatures similar to what a cutting
tool can reach during operation.
Thin ﬁlms of ZrAlN and TiAlN have been deposited using cathodic arc-evaporation. The microstructure of as-deposited and annealed ﬁlms has been studied using
electron microscopy and x-ray scattering. The thermal stability has been characterized by calorimetry and thermogravity and the mechanical properties have been
investigated by nanoindentation.
The microstructure of Zr1−x Alx N thin ﬁlms was studied as a function of composition, deposition conditions, and annealing temperature. The structure was
found to depend on the Al content where a low (x < 0.38) Al-content results in
cubic-structured ZrAlN while for x > 0.70 the structure is hexagonal. For intermediate Al contents (0.38 < x < 0.70), a nanocomposite structure with a mixture
of cubic, hexagonal and amorphous phases is obtained.
The cubic ZrAlN phase transforms by nucleation and growth of hexagonal AlN
when annealed above 900 ◦ C. Annealing of hexagonal ZrAlN thin ﬁlms (x > 0.70)
above 900 ◦ C causes formation of AlN and ZrN rich domains within the hexagonal
lattice. Annealing of nanocomposite ZrAlN thin ﬁlms results in formation of cubic
ZrN and hexagonal AlN. The transformation is initiated by nucleation and growth
of cubic ZrN at temperatures of 1100 ◦ C while the AlN-rich domains are still
amorphous or nanocrystalline. Growth of hexagonal AlN is suppressed by the
high nitrogen content of the ﬁlms and takes place at annealing temperatures of
1400 ◦ C.
In the more well known TiAlN system, the initial stage of decomposition is
spinodal with formation of cubic structured domains enriched in TiN and AlN. By
a combination of in-situ x-ray scattering techniques during annealing and phase
ﬁeld simulations, both the microstructure that evolves during decomposition and
the decomposition rate are found to depend on the composition. The results
further show that early formation of hexagonal AlN domains during decomposition
can cause formation of strains in the cubic TiAlN phase.
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Populärvetenskaplig sammanfattning
Tunna skikt är idag vanliga för att ändra egenskaperna hos en yta. Dekorativa skikt används för att ändra färg på till exempel glasögonbågar och
mobiltelefoner och hårda, nötningståliga skikt används för att skydda ytor
från förslitning.
Att belägga skärverktyg med hårda, tunna skikt kan öka både skärets
livslängd och den möjliga skärhastigheten. Vid skärande bearbetning blir
skäret mycket varmt, omkring 1000 ◦ C. Därför måste materialet som skäret
är gjort av kunna behålla sin hårdhet vid dessa temperaturer. En ökad
skärhastighet eftersträvas inom industrin för att kunna öka produktionshastigheten. Med ökad skärhastighet ökar också kraven på materialet som skäret
är tillverkat av. Det tunna, hårda skiktet som oftast ﬁnns på skärets yta
måste kunna motstå högre temperaturer utan att deformeras eller slitas bort.
Den här avhandlingen undersöker högtemperaturegenskaper hos tunna
skikt som används på skärverktyg. Två material har studerats, TiAlN och
ZrAlN. TiAlN är ett material som redan idag är vanligt som beläggning på
skär medan ZrAlN är ett nytt material som ännu inte används kommersiellt.
De tunna skikten har belagts med så kallad katod-förångning, där en elektrisk urladdning används för att smälta och förånga material. Det förångade
materialet får sedan kondensera på ett substrat som i det här fallet har
varit skär av hårdmetall. Skiktens struktur och mekaniska egenskaper har
sedan undersökts. Skikten har även värmebehandlats före analys, för att
förstå hur de påverkas av den höga temperaturen som uppstår vid skärande
bearbetning.
Skiktens struktur har studerats med elektronmikroskopi och röntgendiﬀraktion. Med elektronmikroskop kan man dels få översiktsbilder av skiktens yta och tvärsnitt. Med ett transmissions-elektronmikroskop, där provet
genomlyses med elektroner, går det även att till viss del se hur atomerna
sitter ordnade i skiktet.
Även röntgen-diﬀraktion ger information om hur atomerna är ordnade i
skiktet genom att studera i vilka vinklar som röntgenstrålningen sprids då
den träﬀar provet. Olika strukturer ger upphov till olika så kallade diﬀraktionsmönster. För att studera hur strukturen ändras med temperatur så har
röntgen-diﬀraktion även utförts under uppvärmning av provet med röntgenstrålning från en så kallad synkrotron-källa.
De mekaniska egenskaperna har bestämts med nanoindentation. Genom
att trycka in en liten, vass spets av diamant i provet och se hur stort intrycket
blir kan hårdheten bestämmas.
Både TiAlN och ZrAlN är så kallade metastabila faser, vilket innebär att
vid höga temperaturer, när atomerna får tillräckligt med energi att röra på
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sig, kommer materialets struktur att ändras. TiAlN delar upp sig i TiN och
AlN och ZrAlN bildar ZrN och AlN.
För ZrAlN-skikten studerades hur strukturen ändras då mängden aluminium i ﬁlmen varieras. För liten mängd aluminium i skikten så ordnar sig
atomerna i en kubisk struktur medan vid höga aluminium-halter så föredrar
atomerna att ordna sig i en hexagonal struktur. Skikten med kubisk struktur är hårdare än skikten med hexagonal struktur. Efter uppvärmning till
1000 ◦ C är hårdheten hos både de kubiskt och hexagonalt ordnade skikten fortfarande hög. Det gör dem intressanta för möjliga tillämpningar inom
skärande bearbetning. Efter uppvärmning till 1100 ◦ C av de kubiskt ordnade
ZrAlN-skikten så bildas ZrN och AlN vilket gör att hårdheten minskar.
För TiAlN studerades hur TiN och AlN utskiljs och hur dessa områden ser
ut vid omvandlingen av TiAlN. Med mer aluminium i skikten så kommer de
AlN- och TiN-områden som bildas att vara avlånga i vissa riktningar. Med
mindre aluminium i skiktet så är de bildade områdena mer symmetriska.
Hastigheten med vilken omvandlingen till TiN och AlN sker beror också på
mängden aluminium i skiktet.
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Preface
This thesis is a result of my doctoral studies in the Nanostructured materials group at Linköping university between 2007 and 2012. The work has
been performed within Theme 2 of the VINNEX center of Excellence on
Functional Nanoscale Materials (FunMat) together with SECO Tools AB,
Sandvik Tooling AB and Ionbond Sweden AB. Experimental work has also
been performed in cooperation with the Advanced Photon Source, Argonne
National Lab. The work is a continuation of my Licentiate thesis, Thermal
stability and Mechanical properties of Reactive Arc Evaporated ZrAlN and
TiSiCN thin ﬁlms (Licentiate thesis No. 1428, Linköping Studies in Science
and Technology (2009)).
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Introduction

Materials are coated in many applications and for many purposes. Decorative
coatings are commonly found in the everyday life, as coatings on watches,
glasses and the outside of mobile phones. Electrically conductive coatings
are used as electrical contacts and hard coatings reduce wear of parts.
In the cutting industry, hard coatings are used to improve the wear resistance of the cutting tool. During cutting, the cutting tool reaches high
temperatures as the chip ﬂows across the tool surface. Today, a variety of
materials are available, the choice of material depends on the speciﬁc application. One of the most used materials is TiAlN, which has good mechanical
properties also at high temperatures. To further increase the cutting speed
and thus the productivity, materials that can retain high wear resistance at
even higher temperatures are needed.

1.1

Aim of the thesis

The aim of this thesis is to understand the high temperature behavior of
ternary nitrides that are used already today and to explore the properties of
the less known ZrAlN system.

1.2

Outline of the thesis

The ﬁrst chapter in the thesis describes the deposition method and the growth
characteristics of arc-evaporated ﬁlms. The material systems of interest are
described in Chapter 3. Chapters 4-5 give a background to the importance of
microstructure and phase transformations on the mechanical properties and
thermal stability of the ﬁlms. In Chapter 6, additional results from cutting
tests on ZrAlN coatings are presented. Chapter 7 gives a short introduction
to the phase ﬁeld model used in Paper 6 and 7 to improve the understanding
of the spinodal decomposition of TiAlN thin ﬁlms. The experimental characterization techniques are described in Chapter 8. Finally, Chapter 9 contains
a summary of the results and in Chapter 10 an outlook of the possibilities
for future work is given.
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2

Deposition and growth of thin ﬁlms

Several methods can be used for thin ﬁlm deposition. For cutting applications, two techniques are important, physical vapor deposition (PVD) and
chemical vapor deposition (CVD), which are based on physical and chemical
processes, respectively. CVD is most common while the fraction of coatings deposited by PVD increases. Among PVD techniques, cathodic arcevaporation is the most commonly used method for industrial depositions of
hard thin ﬁlms and this is also the method that has been used to produce
the thin ﬁlms within this work. Cathodic arc-evaporation is fast compared
to for example magnetron sputtering, and gives ﬁlms with good adhesion to
the substrate.

2.1

Cathodic arc-evaporation

As understood from the name, this method uses an arc discharge between
two electrodes to melt and evaporate material. The cathode is made of
the material to be deposited and the high current, low voltage discharge
melts a small spot on the cathode surface. The small, melted region of the
cathode surface from which current ﬂows is known as the cathode spot. At
the cathode spot solid material from the cathode transforms into plasma,
i.e. electrons and positively charged ions. The electrical current that ﬂows
between the electrodes is transported by the generated plasma why the arc
process is self-sustained [1]. Each cathode spot is only active for a short
period of time after which a new cathode spot is ignited.
By using compound cathodes, containing several elements, the composition of the ﬁlm is controlled. Within this work, Zr-Al or Ti-Al compound
cathodes have been used in addition to elemental Zr and Ti cathodes. Nitrogen is supplied by a ﬂow of N2 gas into the deposition chamber. This is the
most common way to introduce light elements as nitrogen, carbon or oxygen
to the ﬁlm. They can also be supplied through the cathode material [2].
In an industrial arc-evaporation system, there is place for several cathodes. The ZrAlN and TiAlN thin ﬁlms studied in this thesis are grown using
two industrial scale deposition systems, schematically illustrated in Figure 1.

4

2

DEPOSITION AND GROWTH OF THIN FILMS

Both systems have the possibility of placing several cathodes in the chamber and the substrates are mounted on a drum that rotates during deposition.
The diﬀerences between the systems are the size of the chamber, the distance
between cathodes and substrates and the size of the cathodes among others.
By placing cathodes of diﬀerent composition in a vertical row in the deposition system, positions A-C in Figure 1, several thin ﬁlm compositions can
be obtained in one batch by placing the substrates at diﬀerent height in the
chamber. This was used in Paper 4 to deposit ZrAlN thin ﬁlms with diﬀerent composition. By placing two cathodes of diﬀerent composition opposite
to each other in the chamber, e.g. at positions B and D in Figure 1, layered
ﬁlms can be deposited as the substrates are rotated in the chamber during
deposition. This was used to deposit the multilayered ﬁlms in Paper 5.
Ions in the plasma will have diﬀerent mean charge states depending on
their atomic number [1]. The angular distribution of ions from the cathode
is also diﬀerent for diﬀerent elements [3]. Thus, the ﬁlm composition is not
necessarily the same as that of the cathode material. Also re-sputtering
diﬀers for diﬀerent elements [4]. If more than one type of ion is present in

Figure 1: Schematic illustration of the deposition systems used to synthesize the
ﬁlms in this thesis.

2.2

Film growth

5

the plasma, the lighter atom might not have enough energy to displace the
heavier atoms in the ﬁlm as it impinges on the surface and does instead
bounce oﬀ the surface [4]. The combination of preferential re-sputtering and
diﬀerence in angular distribution can cause layering eﬀects in the ﬁlm during
growth [5], which was observed in Papers 1, 2 and 4.

2.2

Film growth

How the ﬁlms grow during deposition is controlled by the energy of atoms
at the surface of the growing ﬁlm, which in turn depends on the deposition
parameters. When atoms in the growing ﬁlm have very low energy (less than
∼1 eV), diﬀusion is limited and this can result in a porous structure with
thin columns [7]. Increasing the temperature, the diﬀusion increases leading
to an increased grain size and lower porosity [7, 8].
Energy can also be supplied to the growing ﬁlm by the energy of impinging
ions. Using arc-evaporation, where the ionization of evaporated species is
high, the ion energy can be controlled by applying a negative substrate bias.
Also for sputtering processes, where the sputter gas and a fraction of the
sputtered atoms are ionized, an applied substrate bias increases the energy
of ions hitting the surface of the growing ﬁlm.
High-energy ions (∼10 eV-10 keV) can penetrate the surface of the growing ﬁlm [4]. A high-energy ion causes a collision cascade where atoms in the
ﬁlm are displaced and the energy of the ion is lost in the collisions [4]. Kinetic
energy is lost in inelastic collisions that cause excitation of electrons in the
ﬁlm atoms. Potential energy can be lost through electronic excitation and
through electron-phonon coupling. Some of the potential energy is also lost
as bonding energy during formation of bonds between the ion and the atoms
in the ﬁlm or substrate. In the collision cascade caused by the implanted
ion, the displaced atoms vibrate around their new positions. This together
with the electron-phonon coupling caused by the implanted ion leads to local
atomic scale heating [4].
The low substrate temperature used in arc-evaporation (typically below
500 ◦ C) limits ad-atom diﬀusion. This in combination with ion implanta-
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tion and ion intermixing enables growth of metastable phases as ZrAlN and
TiAlN.
2.2.1

Residual stresses

The ion implantation below the surface causes densiﬁcation of the ﬁlm and
also results in compressive stresses. With increased ion energy the number
of created defects increases, as been observed for magnetron sputtered TiN
ﬁlms [8]. The high defect density also causes re-nucleation of grains during
growth why the grain size is decreased. In arc-evaporated TiN ﬁlms the
compressive residual stress was increased when the ion energy was increased
by increasing the negative substrate bias [9]. A maximum compressive stress
was found for a substrate bias of 100 V while increasing the bias further
caused defects to be annihilated in the collision cascade.
This is similar to what was observed for arc-evaporated ZrAlN ﬁlms in
Paper 4. When increasing the bias, the residual stress in the ﬁlms increased
due to a larger number of defects created by the high-energy ions impinging
on the growing ﬁlm. The increased bias also caused the grain size to decrease.
In addition to the stresses arising from defects in the ﬁlm, the diﬀerence
in coeﬃcient of thermal expansion (α) between the ﬁlm and the substrate
can give rise to thermal stresses when the ﬁlm and substrate are cooled down
to room temperature after deposition. The thermal stress (σthermal ) can be
calculated through
σthermal = ∆α · ∆T

E
,
1−ν

(1)

where ∆α is the diﬀerence in coeﬃcient of thermal expansion between the
ﬁlm and substrate and ∆T the diﬀerence between the deposition temperature and the temperature where the measurement is performed (usually room
temperature). E and ν are the ﬁlm elastic modulus and Poisson ratio, respectively. The coeﬃcient of thermal expansion is not known for the ZrAlN
and TiAlN studied here, but can be approximated with the values for ZrN
(αZrN = 7.24 · 10−6 ◦ C−1 [11]) and TiN (αT iN = 9.5 · 10−6 ◦ C−1 [11]). The
value for the WC-Co substrate is αW C−Co ≈ 5 · 10−6 ◦ C−1 [10].
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For TiAlN, the elastic constants have been determined by ab-initio calculations [12] and are for Ti0.50 Al0.50 N E=450 GPa and ν=0.205. The elastic
constants for ZrAlN are not known, but can be approximated by the values
for ZrN (E=460 GPa and ν=0.19 [13]). The larger α of the ﬁlm compared to
the substrate results in tensile thermal stresses at room temperature. With
a deposition temperature of 400 ◦ C the thermal stress is σthermal = 0.96 GPa
for TiAlN and σthermal = 0.48 GPa for ZrAlN.
2.2.2

Macroparticles

From the cathode spot, larger particles in addition to atoms and ions are
ejected during deposition. The plasma pressure acts on the locally melted
spot and so called macroparticles are ejected from the spot. These particles
are incorporated in the ﬁlm during growth. The incorporated particles can
shadow the underlying ﬁlm from arriving ions, thus cause formation of voids
below the particles. Figure 2 shows the surface of three ZrAlN ﬁlms studied
in Paper 4 where particles in the range of ∼ 0.1-2.5 µm are found on the surface. With increasing substrate bias, the number of particles decreases. The
particles are positively charged why they are deﬂected from the negatively
charged substrate [14].

Figure 2: Scanning electron micrographs of the surface of Zr0.87 Al0.13 N thin ﬁlms.
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3

Material systems

One of the ﬁrst used coating materials for cutting tools was TiN. TiN is hard
and improves the cutting performance compared to uncoated cutting tools [1].
To further improve the mechanical properties and the oxidation resistance
several other materials have been developed. Many material systems studied
are based on the TiN system, where a third element is added to get for
example TiCN or TiAlN or Ti is replaced by for example Zr.
Today, TiAlN is the most common coating for cutting tools. The high
hardness of TiAlN at high temperatures [2, 3] improves the cutting performance [4-6] and enables higher cutting speeds. Following TiAlN several other
ternary metal aluminum nitrides have been studied as CrAlN [7], ScAlN [8],
ZrAlN [9-12] and HfAlN [13].
In this chapter, the binary and ternary nitrides of importance in this work
and their properties are brieﬂy introduced.

3.1
3.1.1

Binary nitrides
Ti-N

TiN has a high hardness and can be deposited by both PVD and CVD
techniques. Since the 1970´s TiN has been used as a coating for cutting
tools due to the improved cutting performance of the coated tool. Today,
there are materials with better mechanical properties at high temperatures
and also a better oxidation resistance, but still TiN is common as a top layer
on cutting inserts. TiN is also used for decorative purposes because of its
golden color. Arc-evaporated TiN usually exhibits a hardness around 27 GPa
[14, 15]. The material has a cubic NaCl structure, schematically illustrated
in Figure 3 (a), with a lattice parameter of a=4.24 Å [16]. c-TiNy is a
compound that is stable for 0.6 < y < 1.2 [17].
3.1.2

Zr-N

ZrN is similar to TiN in properties such as hardness [18] and oxidation resistance [19] and also used in similar applications. The hardness of arc-
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Figure 3: NaCl structure (a) and wurtzite structure (b)

evaporated ZrN is found in the range between 21 and 27 GPa [20, 21].
Also this coating is yellow, with a slightly brighter color than TiN. NaClstructured ZrN, see Figure 3 (a), with a lattice parameter of a=4.58 Å [22]
is the most common form of this compound.
NaCl-structured ZrNy can have nitrogen contents both higher and lower
than 50 at.%. If y > 1 the lattice is believed to have vacancies on the metal
sublattice [17, 23] and if y < 1 instead vacancies on the nitrogen sublattice.
For high nitrogen contents an orthorhombic Zr3 N4 structure has been found
[24]. This phase has also been observed in magnetron sputtered ﬁlms [25].
Kroll et al. [26] calculated the phase diagrams for high nitrogen content ZrNy
at high pressures and found that the orthorhombic Zr3 N4 phase is stable at
ambient pressures while at higher pressures a cubic Zr3 N4 phase is the most
stable. The cubic Zr3 N4 has been found experimentally by synthesis at high
pressure and high temperature using a diamond anvil cell [27], but also in arcevaporated thin ﬁlms with a high residual stress [28]. Thin ﬁlms of ZrNy with
y > 1 usually have a nanocrystalline or partly amorphous structure [29, 30].

3.1.3

Al-N

AlN is in contrast to the other two binary nitrides not used as a hard, protective coating. AlN is mainly used as a wide band gap semiconductor in electronic applications. The equilibrium structure of AlN is hexagonal wurtzite

3.2
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as shown in Figure 3 (b). AlN can also form a metastable cubic NaCl structure phase with a lattice parameter of a=4.05 Å [31] at high pressures and/or
high temperatures [32]. By PVD techniques the c-AlN phase can be grown
in thin multilayer structures [33].

3.2
3.2.1

Ternary nitrides
Ti-Al-N

At equilibrium conditions only a few at.% of AlN can be dissolved in the
cubic TiN lattice [34]. By PVD techniques a cubic solid solution TiAlN
phase can be deposited for Al content less than ∼70 at.% while higher Al
contents result in a hexagonal phase or a mixture of cubic and hexagonal
phases [35, 36]. The cubic phase has a NaCl-structure as c-TiN, and can be
thought of as replacing some of the Ti atoms in Fig. 3 (a) with Al.
At elevated temperatures the metastable c-TiAlN phase decomposes into
the equilibrium binary phases, c-TiN and h-AlN. The initial stage of decomposition is spinodal, resulting in domains enriched in c-TiN and c-AlN, see
further Ch. 5.5.

3.2.2

Zr-Al-N

The ternary Zr-Al-N system is not as well studied as the Ti-Al-N system.
Theoretical studies show that this system have the largest miscibility gap
of the ternary transition metal aluminum nitrides investigated [37, 38]. cZr1−x Alx N is predicted to be stable for x < 0.50 while an hexagonal structure
is energetically favorable for higher Al contents [37, 39].
In Paper 4 it was found that a cubic phase is stable for x ≤ 0.36 which is
similar to what have been found before for arc-evaporated [10] and magnetron
sputtered [11] ZrAlN thin ﬁlms. The results in Paper 4 further show that
high Al content (x > 0.70) Zr1−x Alx N thin ﬁlms have a hexagonal structure.
For intermediate Al contents, the structure is a mixture of cubic, hexagonal,
and amorphous phases as was found in Paper 1, 2, and 4.
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4

Microstructure and mechanical properties

The mechanical properties of the coating are important for cutting tool applications. As the temperature of the cutting edge can reach 1000 ◦ C [1] the
material must also retain the hardness at these temperatures. The hardness
is determined both by the material properties, i.e. the strength of bonds
between atoms, and the coating microstructure. The microstructure can be
controlled by the deposition conditions. Combination of two or more materials can further improve the mechanical properties.

4.1

Eﬀects of defects and grain size

Increasing the dislocation density to increase the hardness is common for bulk
materials by work hardening. Arc-evaporated thin ﬁlms commonly exhibit a
large amount of defects induced during deposition, see Ch. 2.2. The defects
present in the ﬁlm and the strain ﬁeld they give rise to will act as obstacles for
dislocation motion. A relationship is therefore usually found with increasing
hardness for increasing defect density [2, 3].
The Hall-Petch relation says that the hardness is inversely proportional
to the square root of the grain size [4, 5]. For too small grain sizes however,
the Hall-Petch relation is no longer valid and the hardness can even decrease
if the grain size is decreased further. This is known as an inverse Hall-Petch
relation. For magnetron sputtered CrN thin ﬁlms, the hardness has been
observed to decrease when the grain size is below ∼15 nm [3]. Also ZrN thin
ﬁlms exhibit a decreased hardness when the grain size is reduced to below
∼5 nm [6]. The reason for the decreased hardness can be increased grain
boundary sliding [7, 8] as the volume fraction of boundaries increases with
decreased grain size. A small grain size also results in an overall increased
porosity of the ﬁlm. In addition, dislocation motion through several grains
or enhanced grain boundary diﬀusion can reduce the hardness [9].
During annealing of a defect rich thin ﬁlm, recovery of the material takes
place. This involves changes in the dislocation structure as annihilation of
point defects and rearrangement and annihilation of dislocations. The reduction of defect density during recovery causes a decrease in the stress of
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the thin ﬁlm. The activation energy for defect annihilation can be diﬀerent
for ﬁlms grown under diﬀerent conditions due to diﬀerent types of defects
[10, 11]. When the defects that act as obstacles for dislocation motion are
annihilated a decrease in hardness is usually observed [9, 11]. Following recovery, recrystallization of new strain-free grains takes place. The increase
in grain size and thus the reduced amount of grain boundaries reduces the
energy of the system. The increased grain size further acts to decrease the
hardness of the ﬁlm.

4.2

Nanocomposites and multilayers

Combinations of two or more phases can improve the mechanical properties
compared to the single phase ﬁlms. Nanocomposite Ti-Si-N thin ﬁlms consisting of one or two nanocrystalline phases and one amorphous phase can
exhibit very high hardness [12]. The small grain size results in a Hall-Petch
hardening and the amorphous phase is believed to hinder dislocation motion between the grains. An optimal combination of size of the crystalline
grains and the amount of amorphous phase has been found when there is
just enough amorphous phase to cover the crystallites [13]. If the amount of
amorphous phase is increased, the lower hardness of this phase will dominate
and thus the hardness of the ﬁlm decreases.
By alternating deposition of two materials, multilayered structures can
be grown. In 1970, Koehler proposed that by using alternating thin layers
of two diﬀerent materials the hardness can be improved [14]. By combining two materials with diﬀerent elastic properties, dislocation motion across
the layers is hindered as dislocations are conﬁned to low energy layers. The
increased hardness of multilayered materials compared to the single phase
constituents have been reported by several authors [15-18]. Figure 4 shows
the hardness for ZrN, ZrAlN, and ZrAlN/ZrN multilayered thin ﬁlms described in Paper 5. Both the multilayers have a higher hardness than that
of the single layer ﬁlms. The hardness also increases when the thickness of
the sublayers decreases which can be understood by the Hall-Petch relation.
If the interfaces between sublayers are coherent as in the case of TiN/NbN
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Figure 4: Hardness of as-deposited single layer and multilayer thin ﬁlms described
in Paper 5.

[16] and TiN/VN [15] the coherency strains at the interfaces act to improve
the hardness [19]. If the layers are coherent also the elastic modulus can
increase [19]. Several authors have reported that a maximum hardness of
the multilayers are found at small sublayer thicknesses due to the Hall-Petch
hardening. Knutsson et al. [20] found that the machining performance of
TiN/TiAlN coated cutting tool was improved compared to tools coated with
TiAlN. They also found that the wear rate was lower for shorter multilayer
wavelengths.
Multilayering has also been used to stabilize an otherwise unstable phase
as c-SiNy (y . 1.33 [21]) in TiN/SiNy [17, 22] and c-AlN in TiN/AlN [23] and
AlN/VN [24]. Söderberg et al. [25] found that for small sublayer thicknesses,
equal to or less than 1.3 nm, c-SiNy forms in TiN/SiN multilayers. At larger
thicknesses, the SiNy sublayers are amorphous. In Paper 5, multilayers of
ZrAlN/TiN and ZrAlN/ZrN were studied. In this case, coherency between
the sublayers was not obtained despite the small lattice parameter mismatch
between TiN and ZrAlN (∼ +4 % [26, 27]) and ZrN and ZrAlN (∼ -4 %
[26, 28]).
In nanocomposites consisting of two immiscible phases the hardness can
be retained to high annealing temperatures as the amorphous matrix hinders
growth of the crystalline grains [29]. Similarly, for multilayers consisting of
two immiscible phases the structure can be retained at high temperatures
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[30, 31]. If the two materials are miscible, interdiﬀusion between the sublayers
can take place at elevated temperature as has been observed for example
for TiN/CrN multilayers by annealing at temperatures higher than 700 ◦ C
[32]. Further, phase transformations in the ﬁlm can inﬂuence the mechanical
properties as described in Ch 5.
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Phase transformations

The ternary nitrides studied here are metastable phases and given enough
energy for diﬀusion they will decompose into their equilibrium phases. The
decomposition will change the material properties and can be favorable for
the mechanical properties of the coating. The phase transformation can occur
by spinodal decomposition or by nucleation and growth mechanisms.

5.1

Nucleation and growth

Most phase transformations in the solid state take place by the nucleation
and growth mechanism. In the materials of interest here, a metastable solid
solution decomposes into two equilibrium phases. The transformation begins
by the formation of nuclei, small particles of the new phase with another
composition than that of the matrix. When nuclei are formed they will grow
until the material consists of only the equilibrium phases. For a nucleus to
form, atoms must ﬁrst diﬀuse together to achieve the right composition. To
form the new nucleus energy is also needed to form the interface between
the nucleus and the matrix. If the nucleus has a diﬀerent molar volume
than the matrix misﬁt strains will form. The smallest nucleus that can form
must thus decrease the energy enough so that the energy of the system is
reduced even though some energy is consumed by forming interfaces and
misﬁt strains. The critical size of a nucleus is thus such that if the particle
has a subcritical size it costs energy to increase the size of the particle. If
energy is released when the particle grows, this particle has a supercritical
size and is thus called a nucleus. Nucleation can be deﬁned as the formation
of particles of supercritical size from particles of subcritical size [1]. If nuclei
are formed with a constant rate this is called continuous nucleation and this
is common for recrystallization of amorphous alloys where there are no nuclei
at the beginning of the transformation. The other extreme case is when all
the nuclei are present at the beginning of transformation and only growth
takes place.
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Spinodal decomposition

For spinodal decomposition there is no barrier for nucleation. Instead, local
compositional ﬂuctuations in the original ﬁlm are ampliﬁed with increasing
time at elevated temperature. The domains of diﬀerent compositions that
are formed have the same atomic structure with coherent interfaces. The
microstructure that evolves during decomposition is dependent on several
aspects. The diﬀerence in composition between the domains results in different lattice parameter of the domains and thus so called coherency strains
are formed. The inﬂuence on the microstructure of coherency strains during decomposition was also shown by Seol et al. [8]. Coherency strains at
interfaces in the ﬁlms can lead to surface directed spinodal decomposition
which results in a layered structure [8, 9]. Further, the strains in the ﬁlm
from residual stresses can inﬂuence the evolved microstructure.

5.3

Phase transformations in ZrAlN

In Paper 4 the thermal stability of Zr1−x Alx N thin ﬁlms with diﬀerent Al
contents was studied. The low Al content ﬁlms with a cubic structure were
found to be thermally stable to annealing temperatures of 1000 ◦ C after
which nucleation and growth of h-AlN take place. Spinodal decomposition is
not likely in this system due to the large miscibility gap and the large lattice
parameter mismatch between c-ZrN and c-AlN [2, 3].
In the hexagonal ZrAlN phase formed at high Al contents, separation into
ZrN- and AlN-rich domains within the hexagonal lattice takes place during
annealing at 1000 ◦ C. The mechanism behind the phase separation is not
clear in this case.
The phase transformations in nanocomposite ZrAlN thin ﬁlms were studied in Paper 3. Here, nuclei are present already in the as-deposited ﬁlms and
during annealing both nucleation of new particles and growth of the already
present nuclei were observed. This is a so called mixed growth mode and is a
combination of continuous nucleation and growth of pre-existing nuclei. Figure 5 shows the mean particle size and the number of particles as a function
of annealing temperature, where the particles are grains of c-ZrN. In a ﬁrst
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Figure 5: Mean particle size and number of scattering particles as a function of
annealing temperature in nanocomposite ZrAlN. From Paper 3.

stage, at temperatures between 1150 ◦ C and 1250 ◦ C, the number of c-ZrN
grains increases while the mean size of the grains decreases due to nucleation
of smaller grains. In a second step, between 1250 and 1400 ◦ C, growth of the
ZrN nuclei takes place. During nucleation and growth of ZrN, the remaining
Al-rich matrix is largely amorphous and at temperatures higher than 1300
◦
C growth of the h-AlN phase takes place. The growth of h-AlN is at lower
temperatures suppressed by the presence of Zr and a high N content in the
AlN-rich domains.

5.4

Formation of secondary metastable phases during
phase transformation

The phase transformation of a metastable alloy is driven by the possibility
to decrease the free energy of the system. For some alloys, this can take
place by formation of new, metastable phases during decomposition. Lind
et al. [4] showed that by alloying TiAlN with Cr, metastable CrAlN was
formed during annealing as well as stable TiCrN. The smaller free energy of
the CrAlN phase compared to TiAlCrN and TiAlN makes the formation of
this phase energetically favorable.
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In the ZrAlN/TiN multilayers studied in Paper 5 a similar result was
found. There, intermixing at the multilayer interfaces during annealing
caused formation of a metastable Zr(Ti,Al)N phase. The formation of this
new phase and the simultaneous dissolution of Zr in the TiN sublayers decreases the lattice parameter mismatch between the phases. The TiZrN phase
has a smaller miscibility gap than ZrAlN [2, 5] why the formation of the new
metastable phase is energetically favorable.

5.5

Phase transformations in TiAlN

The metastable c-TiAlN phase decomposes spinodally, resulting in formation
of cubic domains enriched in AlN and TiN [6]. The results in Paper 6 show
that the microstructure evolution is diﬀerent for diﬀerent Al contents. This
diﬀerence arises due to diﬀerences in elastic properties when changing the
Al content [7] and the domains that evolve align along the elastically softer
directions. Depending on the composition of the TiAlN thin ﬁlm, the driving
force for decomposition is diﬀerent. The highest driving force is found for
∼70 mol% of AlN as this is where the mixing enthalpy is the largest [11]. In
Paper 7 this was shown to inﬂuence the rate of the decompostition, where
the coarsening begins earlier for the Ti0.35 Al0.65 N ﬁlm than the Ti0.53 Al0.47 N
ﬁlm.
In Paper 6, phase-ﬁeld simulations of the microstructure evolution during spinodal decomposition of TiAlN showed evolving strains in both the TiN
and AlN rich domains. These coherency strains contribute to the increase in
hardness that is observed during annealing of TiAlN [10]. The experimental
results showed an additional increase in strain due to formation of h-AlN
domains during annealing.
In TiAlN, the spinodal decomposition is followed by phase transformation
of the c-AlN phase to the equilibrium h-AlN phase. This phase has a larger
molar volume than the cubic phase and growth of this phase induce large
strains and can lead to the formation of cracks in the ﬁlm. The onset of
transformation to h-AlN is believed to be responsible for the decrease in
hardness observed at annealing temperatures above ∼900 ◦ C [10] why it is

5.5

Phase transformations in TiAlN

25

desirable to suppress the formation of this phase. Alling et al. [12] studied the
inﬂuence of pressure on the phase stabilities of TiAlN by ab-inito calculations.
They observed that by increasing the pressure the tendency for isostructural
spinodal decomposition into cubic TiN and AlN domains increases while the
formation of the hexagonal AlN phase is suppressed. By constraining the
size of the c-AlN in TiAlN/TiN multilayers the transformation into h-AlN
could be delayed [13].
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Appl. Phys. Lett. 93 (2008) 143110.
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Cutting tests and wear mechanisms

6

During cutting, the coated tool insert is exposed to high temperatures and
loads. The wear behavior is dependent on several parameters in the cutting
application, i.e. the insert geometry, the cutting parameters, coating of the
cutting tool and the work piece material. Here, results from a longitudinal
turning test of ZrAlN coatings are presented [1]. These are additional results
which are not a part of an appended paper.

6.1

Wear behavior of ZrAlN coatings

ZrAlN coatings were deposited by cathodic arc-evaporation on WC-Co substrates (CNMA 120412-KR). Four depositions were made using diﬀerent
cathode compositions with the deposition parameters found in Table 1. The
resulting coating compositions and thickness are presented in Table 2 together with the hardness determined by nanoindentation. The diﬀerent coatings also have diﬀerent crystal structures, see further Paper 4. Figure 6
shows x-ray diﬀractograms of the as-deposited coatings. As the Al content
is increased the structure changes from cubic, to amorphous and ﬁnally to a
hexagonal structure for the highest Al content.

Deposition parameters

Sample

◦C

Thickness

Hardness

µm

GPa

Temperature

400

Substrate bias

40 V

ZrN

2.4

26.6 ± 0.6

N2 ﬂow

400 sccm

Zr0.65 Al0.35 N

2.4

24.2 ± 0.5

Ar ﬂow

200 sccm

Zr0.50 Al0.50 N

1.7

20.4 ± 0.6

Starting layer

∼100 nm TiN

Zr0.17 Al0.83 N

2.6

23.8 ± 0.7

Table 1:
meters.

Deposition para-

Table 2: Tested coatings
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Figure 6: X-ray diﬀractograms of the as-deposited coatings.

The coated inserts were tested in a continuous longitudinal turning application. In addition to the ZrAlN coatings, a Ti0.33 Al0.67 N reference coating
was tested with the same parameters. The test was performed in hot-rolled
steel (SS1672). During testing, the turning was interrupted at regular intervals to study the ﬂank and the crater wear in an optical microscope.
Figure 7 shows the crater and ﬂank wear as a function of time in operation for inserts ran with 240 m/min. Both the crater and the ﬂank wear
show the same trend for the diﬀerent coatings. Best cutting performance
is found for the Zr0.17 Al0.83 N coating. Both cubic-structured ﬁlms, ZrN and
Zr0.65 Al0.35 N, show similar wear rates. The amorphous structured coating,
Zr0.50 Al0.50 N, exhibits the highest wear rate. The wear for this coating can
also be inﬂuenced by the lower thickness, c.f. Table 2. This is also the coating with lowest hardness (c.f. Table 2), and the amorphous structure might
further enable diﬀusion of material from the work piece into the coating. The
reference coating is performing best in the tests which is largely inﬂuenced
by the larger thickness of this coating (∼ 4.5 µm).
To further study the wear by scanning electron microscopy (SEM) and
transmission electron microscopy (TEM), additional runs were made with

6.1

Wear behavior of ZrAlN coatings

29

Figure 7: (a) crater and (b) ﬂank wear as a function of time in operation.

diﬀerent cutting speeds and for diﬀerent times. Figure 8 shows two of the
coatings after 7 min of turning with a cutting speed of 200 m/min. The ﬂank
wear is labelled A in the ﬁgure and is mainly caused by abrasive wear due
to hard carbides present in the work material. A coating with high hardness
usually shows less ﬂank wear as the resistance to abrasive wear is better. In
Figure 8, the ﬂank wear after 7 min of operation is less for the Zr0.17 Al0.83 N
coating than for the Zr0.65 Al0.35 N coating even though the hardness of the
as-deposited ﬁlms is similar, see Table 2. No edge chipping was observed
during testing.
Where the chip ﬂows over the insert a crater is formed, labelled B in
Fig. 8. In a turning operation, this is the part of the insert that reaches

Figure 8:
Scanning electron micrographs of (a) Zr0.17 Al0.83 N and (b)
Zr0.65 Al0.35 N after 7 min of turning.
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the highest temperature [2]. The high temperature enables inter-diﬀusion
between the coating and the work material and can also lead to chemical
reactions between coating and work material, known as chemical wear.
Figure 9 shows a scanning electron micrograph and energy dispersive xray spectroscopy (EDS) maps from selected elements of the rake face of a
ZrN insert, after 4 min of turning with a cutting speed of 220 m/min. A
substantial amount of work piece material has adhered to the cutting insert.
In the crater, the adhered material mainly consists of Al, which is a low
melting point material. In this area also Fe particles are found. The backside
of the edge is enriched in Mn and Si. Here, also the largest amount of oxygen
is observed. As the chip ﬂows across the insert, it appears as if the contact
zone at the tool-chip interface is protected from oxidation and only regions
outside the contact zone are oxidized. A stronger oxidation is observed where
the chip leaves the rake face of the insert. Similar results were obtained for
all four coatings.
For TEM analysis, samples were taken from the middle of the crater by
Ga-ion beam milling using a focused ion beam (FIB) instrument as shown in
Figure 10 (a). More details on the sample preparation technique can be found
in Ref. [3]. The sample is taken along the chip ﬂow direction, see Figure
10 (a). Figure 10 (b) shows an elemental contrast scanning transmission

Figure 9: Scanning electron micrographs (a) and EDS maps (b)-(f) of the rake
face of ZrN showing the distribution of (b) Zr, (c) Al, (d) Fe, (e) Mn and (f) O.

6.1

Wear behavior of ZrAlN coatings

31

Figure 10: (a) SEM micrograph of the worn cutting edge. The magniﬁed insert
of the region within the white rectangle show the TEM-sample as prepared by
FIB. (b) scanning transmission electron micrograph of the Zr0.17 Al0.83 N coating.
The white arrow in (b) show the chip ﬂow direction.

electron (STEM) micrograph of a sample taken from the middle of the crater
of the Zr0.17 Al0.83 N sample. At the bottom, the WC-Co substrate is observed
with a bright contrast. On top of this is the Zr0.17 Al0.83 N coating with a dark
contrast layer of adhered work piece material on top. The topmost layer is
a layer of Pt, deposited during the FIB sample preparation. The layer of
adhered work piece material has a thickness of ∼0.5 µm. EDS analysis of
the layer (not shown here) shows that the layer consists mainly of Al with
bright contrast Fe and Ti particles originating from the work material.
The ﬁlm has been plastically deformed, observed as tilted columnar boundaries in the direction of the chip ﬂow. At even higher loads and/or temperatures the yield point of the coating may be reached leading to failure of the
coating. If the cutting edge is deformed the cutting forces can also change,
leading to failure of the tool.
For all four coatings, similar cladding was observed on the rake face by
SEM and EDS. By STEM, the adhered layer was observed to be thicker
in the case of ZrN compared to the Zr0.17 Al0.83 N coating (not shown here).
As material from the work piece is adhered to the tool surface it will build
up and can cause formation of a new edge. This will inﬂuence the cutting
performance as the new built-up edge changes the geometry of the tool. The
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Phase-ﬁeld simulations

Phase-ﬁeld methods are used to study microstructural evolution in a sample
during e.g. solidiﬁcation, solid-state transformations or precipitate growth
and coarsening. A set of phase-ﬁeld variables are assigned and their evolution
with time is modelled [1]. In this case, the compositional variations in time
are followed during annealing of TiAlN. A pseudo-binary model has been
used to simulate the microstructure evolution during spinodal decomposition
which accounts only for substitution of Al and Ti on the metal sublattice.
The phase-ﬁeld model is well suited for studying spinodal decomposition as
it assumes diﬀuse interfaces between the phases [2].

7.1

The phase-ﬁeld model

The microstructural evolution is driven by the possibility to reduce the free
energy of the system. For constant temperature and pressure, the free energy
of the system compared to a reference level, taken as the binary phases, is
given by
1
∆G =
Vm

[∫

]
∆Gm (xk ) − κ|∆xk | + ∆Eel,m dΩ .
2

(2)

Ω

Here, Gm and Vm are the molar free energy and volume, respectively, and xk
is the molar fraction of element k. κ is the gradient energy coeﬃcient and
Eel,m is the elastic energy per mole. The ﬁrst term of Eq. (2) is the free
energy of mixing which is a function of the enthalpy of mixing, ∆Hmix , and
the entropy of mixing, ∆Smix ,
∆Gm (xk ) = ∆Gmix = ∆Hmix − T ∆Smix ,

(3)

where T is the temperature. The enthalpy of mixing is taken as
∆Hmix = xA xB

n
∑

(xA − xB )n · Ln ,

(4)

i=0

where Ln is a third order Redlich-Kister polynomial, ﬁtted to DFT data [3].
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The entropy of mixing was in Paper 6 calculated assuming ideal mixing as,

∆Smix = −R(xA ln xA + xB ln xB ) ,

(5)

where R is the molar gas constant. In Paper 7 the entropy of mixing was
corrected for clustering in the TiAlN alloy [3]. This lowers the total free
energy of the system and thus inﬂuences the microstructure evolution during
decomposition. The second term of Eq. (2) describes the gradient energy,
where the gradient energy coeﬃcient is taken as
n
b2 ∑
(xA − xB )n · Ln ,
κ=
2 i=0

(6)

where b is the interatomic distance. This is the same approach as that used
by Cahn and Hilliard [7] where the enthalpy of mixing is distributed on the
nearest neighbor bonds. The contribution from elastic energy to the free
energy, the third term of Eq. (2) is calculated through

1
∆Eel,m = (σx (εx − εm ) + σy (εy − εm ) + σxy εxy ) · Vm .
2

(7)

The stress is calculated using composition dependent elastic stiﬀness constants, Cij (xA ), for TiAlN caluclated by DFT [4]. In Eq. (7), εm is the
eigenstrain which is given by the diﬀerence in stress-free lattice parameter,
a0 , relative to the stress-free lattice parameter of the initial composition,
ainitial
,
0

εm = (a0 − ainitial
)/ainitial
.
0
0

(8)

The stress-free lattice parameter is taken from a polynomial ﬁt to DFT data
[5, 6]. The strain is calculated relative to the initial conditions as
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∂u
∂x
∂v
εy =
∂y
∂u ∂v
εxy =
+
,
∂y ∂x
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εx =

(9)

where u and v are displacement vectors in x and y direction, respectively.
To calculate the variation of composition in space and time the CahnHilliard equation [7] is used, modiﬁed to include elastic energy,
[
(
)]
∂Gm
∂xk
∂Eel,m
= ∇ M ′∇
− 2κ∇2 xk +
.
∂t
∂xk
∂xk

(10)

M ′ describes the mobility of the diﬀusing species as
M ′ = xA xB · (xA DB + xB DA )/RT ,

(11)

where A and B denotes the two elements, T is the temperature and D is the
self diﬀusivity.
The simulations are performed in a single grain of TiAlN in a twodimensional box in a speciﬁc crystallographic orientation. In the simulations,
the nitrogen content is homogeneous within the two-dimensional simulation
box and only diﬀusion of Al and Ti takes place. As a starting condition,
random compositional ﬂuctuations are set in the box to mimic the thermal
ﬂuctuations present in a real as-deposited thin ﬁlm. The microstructure evolution is simulated at a constant annealing temperature with increasing time.
The diﬀusivity is assumed to be constant and equal for both Ti and Al. The
model does not account for diﬀusion of nitrogen or defects present in a thin
ﬁlm that may inﬂuence the diﬀusion.

7.2

Microstructure evolution in TiAlN

Figure 11 shows the simulated microstructure evolution with time at 900 ◦ C
for (a) Ti0.50 Al0.50 N and (b) Ti0.33 Al0.67 N presented in Paper 6. The box
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is 100 · 100 nm2 large and is viewed in the 001 direction. One direction of
the box (y) is set as the ﬁlm growth direction (GD) and the other (x) as the
ﬁlm in-plane direction (IP). Constant strains are set on the boundaries of
the simulation box with experimentally determined values from Paper 6.
With increasing time, domains rich in AlN (white) and TiN (black) evolve.
During the initial stage of decomposition, after ∼25 s in Ti0.50 Al0.50 N and
∼5 s in Ti0.33 Al0.67 N, the microstructure is similar in both ﬁlms. The ﬁner
structure of the Ti0.33 Al0.67 N ﬁlm is a result of the higher miscibility gap at
this composition [3]. Further increasing the time, the evolving domains begin
to coarsen. In the Ti0.50 Al0.50 N ﬁlm, the AlN domains formed are almost
circular. In the Ti0.33 Al0.67 N ﬁlm, which has a higher elastic anisotropy [4],
the domains align along the softer 100 orientations. The higher miscibility
gap at x=0.67 than x=0.50 results in a faster initial step of decomposition in
the Ti0.33 Al0.67 N ﬁlm. This was also observed from the experimental results
in Paper 7.
To study the rate of domain size evolution in Paper 7, the wavelength

Figure 11: Simulated microstructure evolution at 900 ◦ C in (a) Ti0.50 Al0.50 N and
(b) Ti0.33 Al0.67 N. White corresponds to AlN and black to TiN. (From Paper 6.)
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of the formed microstructure was calculated by an autocorrelation function.
One wavelength corresponds to one TiN-rich domain, one AlN-rich domain
and the gradient between the domains. To compare with experimental SAXS
data, the gradient width was assumed to be 1 nm. The extracted wavelength
was thus subtracted with 1 nm and divided by four to get an approximate
domain radius. This assumes that the TiN- and AlN-domains are of the
same size. In Paper 7 the same approach was used to extract the domain
size radius from STEM micrographs of the annealed ﬁlms which gave a good
agreement to the radius determined from SAXS.

7.3

Strain evolution in TiAlN

In Paper 6 the strain evolution during decomposition was studied by phaseﬁeld simulations and in-situ x-ray diﬀraction during annealing. The simulated strain is determined in the growth and in-plane direction as

εIP = (εx − εm )/(1 + εm ) = (aIP − a0 )/a0
εGD = (εy − εm )/(1 + εm ) = (aGD − a0 )/a0 .

(12)

aIP and aGD are the lattice parameters in the in-plane and growth direction
respectively and a0 is the relaxed lattice parameter. To represent the strain of
the c-TiAlN, c-TiN and c-AlN phase three compositional intervals is chosen
and within each composition interval the mean strain is calculated. The
intervals were set to 0-20 % AlN in TiN, 20-80 % AlN in TiAlN and 80-100
% AlN in AlN.
Figure 12 (a) shows the simulated strain during spinodal decomposition
of Ti0.33 Al0.67 N presented in Paper 6. The strain in the c-TiAlN phase
before decomposition is initially constant at the value set by the boundary
conditions. As TiN and AlN domains form, the compressive strain in the
c-TiAlN decreases slightly due to an overall decrease in molar volume. The
diﬀerence in molar volume between the phases causes compressive strains
in the formed TiN domains and tensile strains in the AlN domains. The
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Figure 12: (a) simulated strain evolution during spinodal decomposition of
Ti0.33 Al0.467 N and (b) measured strain evolution during annealing in Ti0.53 Al0.47 N.
(From Paper 6)

initial changes in the strain values for TiN and AlN is an eﬀect of the chosen
intervals of which the strain is calculated.
Figure 12 (b) shows the strain determined by in-situ wide angle x-ray
diﬀraction during annealing with a constant heating rate. Here, except for
the decomposition, defect annihilation and thermal stresses inﬂuence the
strain measured in contrast to the simulated strain. The small decrease in
compressive strain in the c-TiAlN phase predicted from the simulations is
thus not observed, due to several factors inﬂuencing the strain state. The
large increase in compressive strain above ∼930 ◦ C is not explained by the
spinodal decomposition. Instead, the increased strain is assigned to formation of h-AlN at these temperatures, similar to what was observed in Ref.
[8]. Both the c-TiN and the h-AlN are compressively strained as they are
formed due to the larger molar volume of these phases compared to that of
c-TiAlN.
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Characterization techniques

This chapter introduces the most important characterization techniques used
within this work. The microstructure and the mechanical properties have
been studied using several techniques. The microstructure of as-deposited
and post-annealed ﬁlms have been studied using diﬀerent microscopy and xray scattering techniques. In-situ wide-angle x-ray scattering (WAXS) and
small-angle x-ray scattering (SAXS) were performed using synchrotron radiation during annealing. In-situ thermal analysis has also been performed
during annealing of the ﬁlms. Compositional measurements have been done
by a combination of elastic recoil detection analysis and energy dispersive
x-ray spectroscopy. The mechanical properties have been characterized by
nanoindentation on as-deposited and post-annealed ﬁlms.

8.1
8.1.1

Microscopy
Scanning electron microscopy

Scanning electron microscopy (SEM) has in this thesis been used for studying
the surface and cross sections of the thin ﬁlms. A focused electron beam
is scanned across the sample and backscattered or secondary electrons are
detected to form an image. Secondary electrons are very surface sensitive and
give contrast from height variations on the sample surface. The secondary
electrons also give some elemental information with heavier elements showing
up bright in the image. Figure 13 (a) shows a secondary electron (SE) SEM
micrograph from a cross section of an annealed ZrAlN/ZrN multilayer studied
in Paper 2. The ZrAlN sublayers have a darker contrast due to the lighter Al
atoms. Within the ZrAlN sublayers, thin bright and dark layers are observed
due to separation of ZrN and AlN, see Paper 2 and Fig. 14 below.
8.1.2

Helium ion microscopy

In helium ion microscopy (HIM), a helium ion beam is scanned across the
sample surface. The interaction of the ion beam with the sample results in
emission of secondary electrons and backscattered He-ions, which both can
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Figure 13: A ZrAlN/ZrN multilayer imaged by (a) secondary electron SEM, (b)
secondary electron HIM and (c) backscattered ion HIM.

be used to form an image. The ion beam penetrates deeper into the sample
than an electron beam and the spread of the beam is less than for electrons
[1]. The smaller spread of the beam results in a smaller interaction volume
close to the surface, which improves the spatial resolution of the secondary
electron images.
The secondary electron yield is larger for a He-ion beam than for an
electron beam and the diﬀerence in yield between materials is larger [1].
Therefore, a better elemental contrast can be achieved with HIM. Figure 13
(b) shows a SE-HIM image of the same ZrAlN multilayer imaged with SESEM in (a). With SE-HIM, the spatial resolution is better and the thin, AlNrich layers within the ZrAlN sublayers are observed with a bright contrast. As
SE-HIM is more surface sensitive than SEM, also scratches from the sample
preparation are observed in this case.
The yield of backscattered ions (BSI) depends on the atom which the ions
are scattered on and elemental contrast images can thus be obtained. Each
backscattered ion has undergone many collisions. The spatial resolution is
thus worse than for the SE imaging mode. The cross section of the ZrAlN
ﬁlm imaged with BSI is shown in Fig. 13 (c). The ZrN sublayers appear
brighter than the ZrAlN sublayers. The worse spatial resolution in this case
can, however, not resolve the thin AlN-rich layers.

8.1

8.1.3

Microscopy
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Transmission electron microscopy

For higher magniﬁcation imaging, transmission electron microscopy (TEM) is
used. To be able to penetrate the sample with the electron beam, the sample
must be very thin, in the order of ∼100 nm. Samples can be prepared
in several ways. In this work, most samples were prepared by mechanical
polishing followed by ion-beam milling. For the worn cutting inserts shown
in Ch. 6 the samples were prepared by ion beam milling using a focused ion
beam (FIB). The FIB is attached to a SEM system which makes it possible
to select a speciﬁc region from the sample.
The electron beam can be either a parallel beam or focused to a small
spot on the sample. With a parallel beam, imaging can be done using the direct transmitted beam (bright ﬁeld imaging) or the diﬀracted electron beams
(dark ﬁeld imaging). Figure 14 (a) shows a bright-ﬁeld (BF) TEM micrograph of the same ZrAlN/ZrN multilayer showed in Fig. 13 and studied in
Paper 2. Large grains are observed in the ZrN sublayers while smaller grains
are found in the ZrAlN sublayers.
The direct beam can be used for overview imaging, but also to construct
high-resolution images. Figure 14 (b) shows a high-resolution (HR) TEM
micrograph of the ZrAlN/ZrN multilayer. In this case the contrast arises due
to the phase shift the electron experiences as it travels through the sample.
Lattice fringes are observed in the micrograph in Fig. 14 (b) and these can
be used to get information about the crystal structure of the sample.
With the electron beam focused to a small spot the beam can be scanned
across the sample, which is referred to as scanning transmission electron
microscopy (STEM). The transmitted electrons are detected at a large angle
and can contain both elemental and diﬀraction information. In Fig. 14
(c) the ZrAlN/ZrN multilayer is imaged by elemental contrast STEM where
heavier elements show up with a brighter contrast. In between bright ZrN
sublayers, the ZrAlN sublayers are observed. Within the ZrAlN sublayers,
regions with higher and lower concentration of ZrN are observed as brighter
and darker regions.
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Figure 14: A ZrAlN/ZrN multilayer studied in Paper 2 imaged by (a) BF-TEM,
(b) STEM and (c) EDS-maps from the area indicated in (b).

8.1.4

Energy dispersive x-ray spectroscopy

In both the SEM and TEM instruments used here, an electron dispersive
x-ray spectrometry (EDS) detector is attached. Atoms that are excited by
the incoming electron beam can relax by emitting a photon. The energy of
the emitted x-ray is speciﬁc for each element. This can be used to determine
both the overall and local composition of the sample.
In SEM, a large part of the thin ﬁlm surface can be scanned and an
average composition of the ﬁlm can be determined. This has been used in
combination with ERDA to determine the composition of the thin ﬁlms in
this study. The x-rays are emitted from a large volume of the sample in the
order of 1 µm3 . For thin ﬁlms, the substrate can inﬂuence the measured
composition, while the thick ﬁlms in this study enable measurements to be
performed on only the ﬁlm. For light elements such as nitrogen, the emitted
x-rays have low energy and are easily absorbed before they reach the detector.
The quantiﬁcation of these elements might thus be uncertain and to verify
the composition additional measurements with, for example, ERDA may be
needed.
In STEM, small spatial variations in composition can be detected when
scanning the focused electron beam across the sample. Figure 14 (d) and (e)

8.2

Elastic Recoil Detection Analysis

45

show elemental maps of the distribution of Zr and Al in the square indicated
in Fig. 14 (b). The scanned area is 35 · 35 nm2 .

8.2

Elastic Recoil Detection Analysis

To determine the composition of the ﬁlms, elastic recoil detection analysis
(ERDA) has been used. The sample is irradiated by an high-energy ion
beam and recoil atoms from the ﬁlm are detected. The sensitivity for light
elements is good, wherefore the nitrogen content can be determined as well
as contaminants as oxygen and carbon in the ﬁlm.
In the measurements done here, a 40 MeV iodine beam is used for the
analysis. A time-of-ﬂight detector is used to determine both the energy and
the velocity of the recoil atoms from the ﬁlm. As the iodine beam penetrates
the sample the ions will lose energy due to interactions with atoms in the
sample. Also, the recoil atom suﬀers from energy losses on its way through
the sample to the detector and the amount of energy lost is proportional
to the distance the atom travels through the sample. The energy of the
detected recoil atom will thus give information about the depth at which it
was located in the sample.
The diﬀerence in mass between atoms of diﬀerent elements results in
diﬀerent velocities of the atoms. By measuring both the energy (E) and
velocity (v), the mass (m) of the recoil can then be determined by
E=

mv 2
.
2

(13)

The recoil atoms origin from a depth about ∼ 1µm with a depth resolution that is of the order of 10 nm. The recorded mass and energy spectra are
transformed to a depth proﬁle from which the average ﬁlm composition can
be determined.
Figure 15 shows a depth proﬁle from a ZrAlN ﬁlm as determined by
ERDA. The rough surface of arc-evaporated ﬁlms decreases the depth resolution and can cause surface contaminants to be observed to large depths.
For the ZrAlN ﬁlms, there is further an overlap between the recoil Zr atoms
and scattered ions from the incident iodine beam. The average composition
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Figure 15: ERDA depth proﬁle from a ZrAlN thin ﬁlm with the average composition Zr25.3 Al18.0 N55.2 O0.9 C0.6 .

is determined at depths larger than the thickness of the surface contamination (roughness) and the depth where the overlap with I-ions begins. For
ﬁlms with a high Zr content, this region can be small and thus quantiﬁcation
of the results is diﬃcult. In Fig. 15 the average composition is determined
between 200 and 2000 1015 atoms/cm2 . The unit for depth, 1015 atoms/cm2
(monolayers), can be converted to nm if the density of the sample is known.

8.3

Wide angle x-ray scattering

X-ray scattering techniques are commonly used for studying solid materials
as they are non-destructive and requires little sample preparation. Figure
16 shows a schematic illustration of the diﬀraction from atomic planes in a
laboratory θ-2θ setup. By measuring the scattered intensity as a function of
scattering angle, the distance dhkl between lattice planes can be determined
by Bragg’s law,
2dhkl sin θ = λ .

(14)

Here, λ is the wavelength of the radiation and θ is half of the scattering angle
as illustrated in Fig. 16. For a crystalline sample, sharp diﬀraction peaks
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Figure 16: Schematic illustration of diﬀraction from atomic planes in a crystal.

occur, one of each plane spacing, dhkl . The plane spacing measured enables
determining the crystal structure of the material. In materials with no long
range order, such as amorphous solids or liquids, no or only broad diﬀraction
peaks appear, corresponding to the distance between atoms.
In the θ-2θ setup, only atomic planes parallel to the surface are probed.
The various peaks in the corresponding diﬀractogram then origin from different grains in the sample. By comparing the intensities between the peaks,
preferred growth orientations can be determined.
By x-ray diﬀraction in transmission geometry, the full diﬀraction ring
is recorded, as shown in Fig. 17 (a) for a Ti0.50 Al0.50 N thin ﬁlm. Hence,
information is obtained from all directions between the ﬁlm in-plane and
growth direction.
To obtain the peak position and width from the diﬀraction pattern in Fig.
17, the two-dimensional diﬀraction pattern is transformed to one-dimensional
lineouts. This is done by dividing the circle into sectors, about 5◦ wide,
schematically shown in Fig. 17 (a). Within each sector the intensity is
summed, resulting in a transformed pattern as shown in Fig. 17 (b). By
converting the radial distance to scattering angle and ﬁnally to d-spacing by
use of Eq. (14), one-dimensional lineouts are obtained. In Fig. 17 (c) the
intensity has been summed in the growth direction within a 10◦ wide sector.
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Figure 17: (a) recorded diﬀraction pattern from a Ti0.50 Al0.50 N ﬁlm, (b) transformed diﬀraction pattern and (c) one-dimensional lineout from the growth direction.

To extract peak positions and peak widths a pseudo-Voigt function is ﬁtted
to each peak in the one-dimensional lineout. Similar data analysis is done
for the one-dimensional diﬀractograms from the θ-2θ setup.
In addition to phase information, x-ray diﬀraction gives information about
the microstructure of the thin ﬁlm. From a perfect crystal, the diﬀraction
peaks that arise are very sharp. Arc-evaporated thin ﬁlms are far from perfect crystals, containing small grains and a high density of defects. The
peak shape and position give information about grain size, lattice strain and
composition of the thin ﬁlm. The diﬀraction peak width, ∆2θ, can be approximated by

8.3
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∆2θ cos θ = 

λ
+2
D

⟨(
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∆d
d

)2 ⟩1/2


sin θ ,

(15)

where θ is half the scattering angle. D in the ﬁrst term on the right hand
side is the grain size and thus a smaller grain size increases the peak width.
The term within brackets is the so called microstrain. This measures local
variations in lattice spacing which can arise due to strain ﬁelds from defects
or local variations in composition.
The measured peak broadening must be corrected for the instrumental
contribution to broadening to extract size and strain information. In Paper
3 the instrumental contribution was approximated with the broadening of
the substrate peaks. The large grain size in the WC-Co substrate and the
low strain give mainly instrumental contribution to peak broadening in this
case. The corrected peak broadening is calculated through
[
]1/2
∆2θcorr = (∆2θsample )2 − (∆2θsubstrate )2
.

(16)

Isolating the two contributions to peak broadening can be diﬃcult. In
principle, by plotting the broadening ∆2θ cos θ against sin θ and ﬁtting a linear curve to the plotted data, the two terms of Eq. (15) can be separated.
The slope of the linear curve corresponds to the microstran while the intersection with the y-axis is inversely proportional to the crystallite size. To
do this several diﬀraction peaks must be recorded, which might not always
be possible for a textured thin ﬁlm. Further, elastic anisotropy of the ﬁlm
makes it necessary to compare peaks originating from the same direction,
e.g., (111) and (222), as was done in Paper 3.
In arc-evaporated thin ﬁlms, the ion bombardment during growth causes
compressive stresses in the ﬁlm in-plane direction, see Ch. 2.2. The compressive stresses cause elastic deformation of the ﬁlms and results in a smaller
lattice spacing in the in-plane direction. This results in distorted diﬀraction
rings in Fig. 17 (a) and is even more clear in Fig. 17 (b). The diﬀraction peak positions are observed to oscillate between large diﬀraction angles
(small d-spacing) in the in-plane direction and small diﬀraction angles (larger
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d-values) in the growth direction.
8.3.1

Fundamental concepts of stress and strain

The average amount of elastic deformation, the average strain, is labeled ε
and is calculated as the diﬀerence in measured plane spacing d compared to
the un-strained value d0 ,
ε=

d − d0
.
d0

(17)

Stress (σ) and strain (ε) are related through Hooke’s law,
1
σii
,
Ehkl
ν hkl
εjj = −
σii , i ̸= j ,
Ehkl
εii =

(18)
(19)

where Ehkl and ν hkl are the elastic modulus and Poisson ratio speciﬁc for the
crystallographic hkl orientation of the ﬁlm. The materials studied here all
have a cubic structure. For a cube subjected to three normal stresses, σxx ,
σyy and σzz , see Figure 18, Hooke’s law gives a strain in the xx direction that
is
εxx =

ν hkl
1
σxx −
(σyy + σzz ) .
Ehkl
Ehkl

(20)

This is the strain in the ﬁlm in-plane direction, i.e. parallel to the ﬁlmsubstrate interface. Assuming that there are no shear stresses in the thin
ﬁlm and that the stress perpendicular to the ﬁlm-substrate interface is zero
we have a biaxial stress state where σxx = σyy = σ and σzz = 0. In this case
we can rewrite Eq. (20) to
εxx =

1 − ν hkl
σ.
Ehkl

(21)

The strain perpendicular to the interface given by Eq. (20) is then
εzz =

1
ν hkl
2ν hkl
σzz −
(σyy + σxx ) = −
σ,
Ehkl
Ehkl
Ehkl

(22)
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Figure 18: Deﬁnition of the directions of stress components in a cubic crystal.

which also then gives us the relationship between strains in-plane and perpendicular to the interface,
εxx = εyy = −

8.3.2

1 − ν hkl
εzz .
2ν hkl

(23)

The sin2 ψ-method

The most common way to determine residual stresses and strains is the so
called sin2 ψ-method. The fundamental equation for strain determination by
x-ray diﬀraction is [2]

εϕψ =

dϕψ − d0
= εxx cos2 ϕ sin2 ψ + εxy sin2ϕ sin2 ψ
d0
+εyy sin2 ϕ sin2 ψ + εzz cos2 ψ
+εxz cosϕ sin2ψ + εyz sinϕ sin2ψ .

(24)

The angles ψ and ϕ are deﬁned in Figure 19. For a thin ﬁlm on a substrate,
it can be assumed that we have symmetry along the growth direction so that
there is no dependence on the strain on ϕ and Eq. (24) can be simpliﬁed to
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dψ − d0
= sin2 ψ(εxx − εzz ) + εzz .
d0

(25)

Assuming a biaxial stress state (σxx = σyy = σ and σxz = σyz = σzz = 0)
and using Eq. (19) this can be rewritten in terms of stress as

εψ =

1 + ν hkl
dψ − d0
ν hkl
=
σxx sin2 ψ −
(σxx + σyy )
d0
Ehkl
Ehkl
1 + ν hkl
ν hkl
=
σsin2 ψ − 2
σ.
Ehkl
Ehkl

(26)

By measuring the plane spacing, dψ , for diﬀerent tilt angles, ψ and plotting
dψ against sin2 ψ a straight line should be obtained. The slope of the line is
equal to
d0 (1 + ν hkl )
·σ,
Ehkl

(27)

and thus the stress can be determined if the elastic constants and the unstrained lattice spacing, d0 , is known. If the elastic constants are not known,

Figure 19: The rotation angle ϕ and tilt angle ψ for diﬀraction in θ-2θ geometry
(a) and transmission geometry (b), respectively.
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the strain can still be determined by Eq. (25). The plane spacing, dψ , is
usually measured for both positive and negative tilt angles ψ. If a diﬀerence
in dψ is observed for positive and negative tilts shear strains are present and
Eq. (26) is not valid. A curved dψ vs. sin2 ψ is observed if there is a strain
gradient along the ﬁlm growth direction [3].
8.3.3

Elastic constants and invariant tilt angle

The un-strained plane spacing d0 is usually not known, as this can change
even for small changes in the material composition. Often, d0 is taken as
the plane spacing at ψ = 0, even though this in most cases is not a correct
approximation.
For a certain tilt angle, ψ ∗ , we will measure the un-strained plane spacing
so that dψ∗ = d0 . Setting dψ = d0 and ε = 0 in Eq. (26) the invariant tilt
angle, ψ ∗ , can be calculated through
)
(
σyy
ν hkl /Ehkl
1
+
(1 + ν hkl )/Ehkl
σxx
hkl
ν /Ehkl
2ν hkl
=
·2=
.
hkl
(1 + ν )/Ehkl
1 + ν hkl

sin2 ψ ∗ =

(28)

To calculate the tilt angle ψ ∗ for which the measured lattice spacing is strain
free, the elastic constants of the material must be known. Most materials
are elastically anisotropic and thus the elastic constants are orientation dependent. Further, in a polycrystalline material the elastic constants must be
averaged over all crystals for a given direction in the sample.
There are several models for calculating the average elastic constants.
Two of the more common ones are the Voigt and the Reuss model, which
assumes constant strain and constant stress in all grains, respectively. These
two models describe the extreme situations that will exist. Therefore, a
combination of the two can be used, for example the Neerfeld-Hill model that
takes the arithmetic mean from the Voigt and Reuss model. For coatings, it
can be assumed that the in-plane stress is equal in all grains and thus the
Reuss model seems most appropriate to use. From the single crystal elastic
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compliances sij the Reuss model gives the hkl-dependent elastic constants

ν hkl
= s12 + Γs0
Ehkl
1 + ν hkl
= s11 − s12 − 3Γs0 .
Ehkl
−

(29)

Here, s0 is determined by
s0 = s11 − s12 − 2s44 ,

(30)

and Γ is a orientation term that depends on h, k and l,
Γ=

h2 k 2 + k 2 l 2 + h2 l
,
( h2 + k 2 + l 2 ) 2

(31)

which gives Γ111 = 1/3 and Γ200 = 0 for the orientations studied here. The
elastic constants of TiAlN as a function of Al contents were determined by
Tasnádi et al. [4]. Table 3 shows the calculated orientation dependent elastic
constants for TiAlN and ZrN determined by the Reuss model. Also shown
is the strain free tilt angle, ψ ∗ , which varies with both composition and
orientation.
When using the sin2 ψ method, diﬀerent planes are measured for each
tilting angle, thus the stress is assumed to be equal for all grains in the coating. As there is no source for the stress ﬁeld during measurement (residual
stresses) the stress out from the surface must be zero so that σ33 = 0 at the
surface. In the measurements within this thesis the stress in the ﬁlm growth
direction was assumed to be zero also throughout the coating, at least to a
ﬁrst approximation.

hkl
111
200
111
200
111
200
111
200
220

Γ
1/3
0
1/3
0
1/3
0
1/3
0
1/4

s11
1.756
1.756
2.588
2.588
2.787
2.787
2.166
2.166
2.166

s12
-0.3157
-0.3157
-0.640
-0.640
-0.741
-0.741
-0.346
-0.346
-0.346

s44
5.974
5.974
4.817
4.817
4.492
4.492
8.524
8.524
8.524

S1
-0.6179
-0.3157
-0.370
-0.640
-0.318
-0.741
-0.924
-0.346
-0.784

S2 /2
2.978
2.071
2.427
3.228
2.259
3.529
4.245
2.512
3.825

E hkl
424
570
489
386
515
359
301
462
329

ν hkl
0.26
0.18
0.18
0.25
0.16
0.27
0.28
0.16
0.26

∗
ψhkl
40
34
34
39
32
40
41
32
40

Table 3: Elastic constants calculated by the Reuss model with single crystal values adapted from Refs. [4] and [5].

Composition
TiN
TiN
Ti0.50 Al0.50 N
Ti0.50 Al0.50 N
Ti0.33 Al0.67 N
Ti0.33 Al0.67 N
ZrN
ZrN
ZrN
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Small angle x-ray scattering

Wide angle scattering gives information about the electron density on the
atomic scale, while small angle scattering gives information about larger modulations in the electron density. With the setup used here, modulations in
the order of 1-10 nm can be detected. These modulations can arise due to
pores or voids or due to domains or precipitates with a diﬀerent structure or
composition compared to the rest of the sample. In Paper 3 and 7 SAXS
was used to study domains that forms during decomposition of ZrAlN and
TiAlN respectively.
Figure 20 shows the detected SAXS intensity for a TiAlN ﬁlm studied
in Ref. [6]. X-ray scattering was performed in-situ during annealing and
Fig. 20 shows the intensity at two temperatures. The diﬀuse ring arises
from TiN- and AlN-rich domains formed in the sample during annealing.
As the temperature is increased the domains grow and the ring is found at
lower angles. To extract quantitative data from the detected intensity (I),
the two-dimensional patterns are transformed to one-dimensional lineouts by
summing the intensity in ∼ 5◦ sectors, similar to the WAXS data in Fig. 17.
One-dimensional lineouts from three temperatures are plotted in Figure
21. The main scattered intensity from the particles are found around q=0.10.2 Å−1 , where q is the magnitude of the scattering vector,

(a)

(b)

Figure 20: Detected SAXS intensity at (a) 849 ◦ C and (b) 899 ◦ C for the TiAlN
ﬁlm studied in [6].
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Figure 21: SAXS lineouts from Ti0.50 Al0.50 N reported on in Ref. [6].

q = (4π/λ) sin(θ).

(32)

Here, λ is the wavelength of the radiation and θ is half the scattering
angle. As the angle is small, some of the scattered intensity is lost in the
beam stop and attenuator that hinders the direct x-ray beam to hit the
detector.
The scattered intensity arises due to diﬀerences in the electron density of
the material and the contrast depends on the diﬀerence in electron density
between the particles and the matrix. The contrast can be written as the
squared diﬀerence of the electron scattering density, ρ(r), between particles
and matrix,
(∆ρ)2 = (ρe,particle − ρe,matrix )2 .

(33)

The scattering density for the materials relevant here calculated by the scattering contrast calculator in the Irena package [7] for Igor Pro are found in
Table 4.
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Phase

Density

c-Ti0.50 Al0.50 N
c-TiN
c-AlN
h-AlN
c-Zr0.50 Al0.50 N
c-ZrN
c-AlN
h-AlN

(g/cm3 )
4.81 [8]
5.388 [9]
4.113 [10]
3.261 [11]
6.025 [12]
7.287 [14]
4.113 [10]
3.261 [11]

Scattering density, Scattering contrast,
ρ
(∆ρ)2
10
−2
10 cm
1020 cm−4
38.63
matrix
42.57
15.54
33.84
22.95
26.83
139.2
46.55
matrix
54.88
69.39
33.84
161.5
26.83
388.9

Table 4: Scattering densities calculated using the scattering contrast tool in the
Irena package for Igor [7].

To extract quantitative data from the recorded intensity a model is used.
In Ref. [6] the uniﬁed ﬁt was used to extract particle size and spacing. In
Paper 3 and 7 the maximum entropy method was used. Both methods are
described shortly in the next sections.
8.4.1

Uniﬁed ﬁt

Two main scattering regions, Level 1 and Level 2, can be observed in the
small angle scattering data in Figure 21. The two levels arise due to scattering
objects of diﬀerent sizes.
The interface between the scattering objects and the matrix gives rise to
scattering at large angles. The scattered intensity (I) for an inﬁnitely sharp
interface was ﬁrst described by Porod [15, 16]. The surface area (S) per unit
volume (V ) is
S/V =

1
lim q 4 I(q) .
2π(∆ρ)2 V q→∞

(34)

Qualitative use of this equation can be made, by studying the shape of the
high-angle portion of the scattering data. If the I(q) vs. q-curve has a q 4
dependence the interface between the matrix and the scattering objects is
sharp. At some speciﬁc q-value this q 4 -dependence is no longer valid, and
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this correspond to the interface thickness.
At smaller q-values (angles) than the Porod region, the scattering contains
information about the scattering object’s shape. This region is called the
Guinier region and the treatment is based on the work of Guinier [17, 18].
The scattered intensity in this region can be written as
I(q) = I0 exp(−

2
q 2 RG
),
3

(35)

where I0 is the shape and size independent intensity and RG is the radius
of gyration of the scattering objects. This is a parameter coming from the
radius of inertia in classical mechanics and it gives a measure of the scattering
object’s spatial extension. If the shape of the scattering objects is known,
their size can be determined from the radius of gyration. For a sphere, the
radius is given by
√

5
RG .
(36)
3
The scattering is dominated by the largest object, wherefore the size obtained
is usually an upper limit [19].
R=

For samples containing more than one order of characteristic size of scatterers, Guinier regions can be hidden between two Porod regimes. By assigning one Guinier regime and one Porod regime to one characteristic size of
particles this can be described as one structural level. Beaucage developed
a uniﬁed function for the Guinier and Porod regimes [20, 19] that can be
written as
(
I(q) = G exp

2
q 2 RG
3

)

(
)P
(qRG /61/2 )3
+ B erf
.
q

(37)

Here, G = n2 Np Ie and Np is the number of particles in the scattering volume,
Ie the scattering factor for a single electron and n the number of electrons
in a particle. B = 2πNp (∆ρ)2 Sp Ie , where Sp is the average surface area for
a particle.
For the ﬁrst level in Fig. 21 (Level 1), a clear Guinier region is observed
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as the ’peak’. After the peak, towards higher angles (larger q), the Porod
region corresponding to Level 1 is observed, i.e. the slope following the peak.
As this region is found at the maximum q-values that can be detected, no
good ﬁt for this region can be extracted. From the Guinier region of Level 1,
which corresponds to the scattering from TiN- and AlN-rich domains in the
sample, the radius of gyration can be extracted. At lower angles the Porod
region of a second level is observed. The Guinier region of this level is not
detected as it is found at too low angles. The scattering in this level can
arise from grain or columnar boundaries. Applying the uniﬁed ﬁt model to
the two levels, a slope of the Porod region of Level 2 gives a value close to 4
indicating a sharp interface. To ﬁt the model to the experimentally recorded
data, the Uniﬁed ﬁt in the Irena package for Igor pro is used [7]. This has an
additional possibility to add the eﬀect of correlations or interference between
scattering particles to the model. The correlation is accounted for by
Icorr (q) = Iun−corr (q) · (1 + Ppack f (q, η)) .

(38)

Ppack , the packing factor, is the number of particles per volume. The particles
are here assumed to be hard spheres. f (q, η) is the amplitude function for
interference between spherical particles and η is the distance between the
particles.
8.4.2

Maximum entropy method

The amount of scattering that arises from a certain kind of particle in the
sample is proportional to the volume fraction of particles in the sample, Vf ,
and the scattering contrast, (∆ρ)2 .
The measured intensity can be written as
∫
I=

∞

G(q, D)F (D)dD ,

(39)

0

where F (D) is the size distribution of scattering particles with diameter D
and G(q, D) is the scattering function of a single particle at scattering vector
q. The scattering function depends on the particle shape, which is commonly
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not known beforehand. In Paper 3 and 7 we assume that the particles are
spherical, which gives a scattering function [21],
G(q, D) = 12π(∆ρ)2 (sin(qD) − qD cos(qr))2 /q 6 .

(40)

The size distribution, F (D), of particles in the sample is
F (D) = (∆ρ)2 Vp (D)N (D) = (∆ρ)2 ϕ(D) .

(41)

N (D) is the number of particles per unit volume that have a diameter between D and dD and Vp (D) is the volume of a particle with diameter D.
This can also be written as a function of the volume-fraction distribution,
ϕ(D). The volume-fraction distribution can be used to calculate the total
volume fraction of scattering particles, Vf ,
∫

∫

∞

Vf =

∞

Vp (D)N (D)dD =
0

ϕ(D)dD .

(42)

0

The calculation of the particle size distribution through maximization of
the conﬁgurational entropy compatible with experimentally measured data
was ﬁrst developed by Potton et al. [21]. The method was further developed
and implemented in the Irena package [7] for Igor Pro by Jemian et al. [22].
By assuming a particle shape, the experimentally measured intensities can
be compared to the intensity of a calculated size distribution through Eq.
(39). The calculated intensity is,

y(qj ) =

N
∑

G(qj , Di )F (Di )∆Di ,

j = 1, 2, ...M ,

(43)

i=1

where M is the number of observations and ∆D is the width of the diametral
bins. The misﬁt between the experimental data and the calculated intensity
is given by
)2
M (
∑
I j − yj
,
χ =
σj
j=1
2

(44)
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where σj is the standard deviation of the measured intensity. The mean
of the χ2 distribution is M as each point contribute with unity on average.
Setting the condition that χ2 = M , the size distribution is calculated by
maximizing the conﬁgurational entropy, given by,
S=−

(
)
N
∑
F (Di )∆Di
(F (Di )∆Di ) log
.
b
i=1

(45)

Here, b is a small constant [21, 22], included in the model in the Irena
package. The maximization of the entropy sets the constraint on the calculated distribution that all histograms have a positive amplitude. In the Irena
code used in Paper 3 and 7, the scattering contrast and particle shape are
assumed to be constant for all scattering particles.

8.5

Nanoindentation

The most common method to measure the hardness of a material is by indentation techniques. Common for the indentation tests are that they all
measure the deformed area under load by indenting a sharp tip on the surface. The hardness is the resistance to plastic deformation of the material and
measured by indentation the hardness equals the applied load (P ) divided
by the area of the residual indent (A),
P
.
(46)
A
If the indent is large, the area of the indent is measured optically. If
the residual indent is too small to be determined optically, the area of the
residual indent must be determined by other methods. In nanoindentation,
where the size of the indent is in the order of 10-500 nm, the load and
indentation depth are continuously recorded during the indentation. The
area is then calculated using the indentation depth and the known shape
of the indenter. In contrast to traditional techniques where the area of the
residual impression is measured, the area under contact is used for calculating
the hardness in nanoindentation. Figure 22 shows a schematic cross-section
through an indent. The indentation depth at the maximum load h is the sum
H=
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Figure 22: Schematic illustration of the cross-section through an indent. (Based
on the ﬁgure in Ref. [23])

of the surface displacement hs and the contact depth hc . When the load is
removed and the elastic deformation is recovered the residual impression have
a depth hf . In the measurements here, a Berkovich indenter is used, which
is the most common for thin ﬁlm analysis. This indenter has a pyramidal
shape and the contact area of a perfect Berkovich indenter is calculated by
A = 24.49h2c .

(47)

During loading and unloading of the indenter the indentation depth h is
recorded continuously. To know the contact depth, the surface displacement,
hs must be determined. The surface displacement depends on the contact
stiﬀness, S, of the material and can be written as
hs = ϵ ·

Pmax
Pmax
=ϵ·
,
S
dP/dh

(48)

where ϵ is a constant that depends on the shape of the indenter and is for a
Berkovich indenter equal to 0.75 [23]. The contact stiﬀness can be determined
from the unloading curve of the indent as shown in Fig. 23. During the initial
part of unloading, the contact area is constant and only elastic recovery takes
place. The contact stiﬀness will also give a value for the combined elastic
modulus of the indenter and the sample,
E∗ =

1 dP
2 dh

√

π
.
A

(49)
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E ∗ is sometimes called the reduced elastic modulus and is given by
1
(1 − νsample )2 (1 − νind )2
=
+
.
∗
E
Esample
Eind

(50)

Using the known elastic constants for the indenter (E=1070 GPa and ν=0.07
[24]) the elastic modulus of the ﬁlm can be determined if the Poisson ratio
is known. For the ZrAlN ﬁlms in this study, the value for ZrN (ν=0.19 [25])
has been used to calculate the hardness and elastic modulus.
To account for rounding of the tip due to wear with time of use, the
tip area is calibrated in a sample with known hardness and elastic modulus.
Here, fused silica have been used as a reference material. The tip area, A, is
determined compared to the ideal area Ai for a perfect Berkovich indenter
and Eqns. (46) and (49) can be written as
√ √
1 dP π Ai
E =
2 dh A A
P Ai
H=
.
AA
∗

(51)

The rough surface of arc-evaporated thin ﬁlms can induce a large spread
in the hardness measurement why the surface is normally polished before the
50
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Figure 23: Load and unloading curve from a ZrAlN/TiN multilayered thin ﬁlm
studied in Paper 5.
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measurement. Here, the ﬁlms have been polished at a slight tilt angle to avoid
reducing the ﬁlm thickness. As the ﬁlms have a polycrystalline structure with
weak texture, the tilt does not inﬂuence the determined hardness to a large
extent.

8.6

Thermal analysis

By thermal analysis, changes in the sample are recorded during annealing.
Here, a combination of diﬀerential scanning calorimetry (DSC) and thermogravimetry (TG) has been used to study phase transformations in the
thin ﬁlms. Both measurements are done simultaneously in a combined instrument, which is schematically illustrated in Figure 24. Attached to the
furnace is also a mass spectrometer, which can detect the type and amount
of gases that are evaporated from the sample during annealing.
By DSC, the heat ﬂow to or from the sample during annealing is recorded.
The heat ﬂow is compared to a reference, usually an empty crucible placed
next to the crucible containing the sample. During the measurement, the
temperature in the chamber is ramped with a constant heating rate to the

Figure 24: Schematic illustration of the combined DSC, TG and mass spectrometer instrument.
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maximum temperature. Here, the cooling rate has been equal to the heating
rate which is typically 20 ◦ C/min. During the measurement Ar or He is
ﬂowed trough the furnace to prevent oxidation of the sample.
To maximize the signal from the sample, the surface area of the sample
must be large why powder samples are preferable. For the thin ﬁlms studied
here, the ﬁlm must also be removed from the substrate before measurement.
Here, the ﬁlms have been deposited on low-alloy Fe-foils. By etching the
coated substrate in HCl after deposition the Fe-foil is dissolved while the
ZrAlN or TiAlN ﬁlm is unaﬀected. The ﬁlm is then cleaned in deionized
water and ground to a ﬁne powder before measurement. Each measurement
is started by a thermal annealing in vacuum at low temperature (typically
250 ◦ C) to evaporate residual water from the sample preparation.
The sample is ramped with a constant heating rate to the maximum
temperature and then cooled down again to room temperature. Immediately
following, an identical heating-cooling cycle is made to use as a baseline
correction.
Figure 25 shows an example from Paper 2 of the heat ﬂow from a ZrAlN
ﬁlm annealed with 20 ◦ C/min to a maximum temperature of 1410 ◦ C. Three
exothermic peaks are observed. The ﬁrst broad peak, T1, centered at ∼500
◦
C corresponds to defect annihilation and crystal recovery. The two following
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Figure 25: Heat ﬂow and mass change during annealing of Zr0.56 Al0.44 Ny . Shown
is also the N2 loss during annealing. (From Paper 2.)
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peaks are a result of nucleation and growth of c-ZrN and h-AlN, respectively.
As h-AlN is formed above 1300 ◦ C, a decrease in mass and a simultaneous
evaporation of N2 takes place, see further Paper 2.
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9.1

Summary of the results
Phase formation in ZrAlN thin ﬁlms

Only few studies about phase formation in Zr1−x Alx N thin ﬁlms deposited by
PVD techniques has so far been performed [1-4], most of them only studying
Al-contents x ≤ 0.50. In Paper 4 the structure of arc-evaporated Zr1−x Alx N
thin ﬁlms was studied for a large range of Al-contents. Also, the eﬀect
of substrate bias (VS ) applied during deposition on the ﬁlm structure was
studied. The ﬁlms were deposited by cathodic arc-evaporation using three
ZrAl alloy cathodes. Three depositions were made applying diﬀerent negative
substrate bias. The structure of the as-deposited ﬁlms was determined by
x-ray diﬀraction and transmission electron microscopy.
Three structural regions were found, shown schematically in Figure 26.
For low Al contents (x ≤ 0.36), a cubic ZrAlN structure forms while high Al
contents (x > 0.70) results in a hexagonal ZrAlN phase. Single-phase ﬁlms
were, however, found only for the highest substrate bias used (VS =100 V)
and x ≤ 0.36 or x > 0.70. Depositions with a lower bias result in ﬁlms with a
partly defect-rich structure that is associated with a high amount of nitrogen

Figure 26: The phase content in Zr1−x Alx N as a function of substrate bias and
Al-content, where c=cubic, h=hexagonal and a=amorphous/defect-rich. From
Paper 4.
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in the ﬁlms. Except for the high Al-content hexagonal structure ﬁlms, the
nitrogen-to-metal ratio is larger than 1.
For intermediate Al-contents, a nanocomposite structure consisting of
cubic, hexagonal and amorphous phases is formed. A nanocomposite structure was also found in Paper 1-2 and Paper 3 for Zr0.44 Al0.56 N1.20 and
Zr0.52 Al0.48 N1.11 ﬁlms, respectively.
The cubic ZrAlN ﬁlms are found to exhibit a higher hardness than the
h-ZrAlN phase ones. Interestingly, the excessive nitrogen and defect-rich
structure lower the hardness of the ﬁlms. The nanocomposite structured
ﬁlms exhibit the lowest hardness. These ﬁlms consist of grains with a size of
the order of ∼1-5 nm and possibly amorphous phases. Such small grain size
can result in an increased amount of grain boundary sliding and increased
porosity of the ﬁlms which decreases the hardness of the ﬁlms. In addition,
a lower hardness of the amorphous phase may act to decrease the hardness
of these ﬁlms.

9.2

Thermal stability of ZrAlN

Theoretical results show that there is a large miscibility gap in the ZrN-AlN
system [5], thus annealing of the ZrAlN will result in formation of the equilibrium binary phases. Only one study on the thermal stability of ZrAlN thin
ﬁlms outside this work can be found. Sanjinés et al. [6] observed structural
changes in c-ZrAlN thin ﬁlms when annealed above 600 ◦ C. The mechanism
behind the phase transformation to c-ZrN and h-AlN is, however, still not
clear. Within this thesis, the thermal stability of diﬀerent ZrAlN ﬁlms was
studied in Paper 1-4.
In Paper 4 the thermal stability of cubic and hexagonal ZrAlN thin ﬁlms
was studied. For c-ZrAlN, the transformation into the equilibrium phases
was observed not to take place through the spinodal mechanism like in the
related TiAlN system. The larger miscibility gap in the ZrN-AlN system
results in nucleation and growth of h-AlN when annealed at temperatures
above 1000 ◦ C.
In the h-ZrAlN thin ﬁlms, formation of ZrN- and AlN-rich domains within
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the hexagonal lattice took place during annealing, which improved the mechanical properties of the ﬁlm.
In the high-nitrogen content cubic structure ZrAlN ﬁlms in Paper 4 outdiﬀusion of nitrogen from the cubic lattice took place during annealing above
800 ◦ C. The out-diﬀusion of nitrogen caused recrystallisation of defect-rich
domains and formation of low-density, nitrogen-rich domains in the ﬁlm.
In nanocrystalline ZrAlN ﬁlms in Paper 1 and 2 cubic structure ZrNrich and hexagonal structure AlN-rich domains were formed after annealing.
Annealing for 2 hours at 1100 ◦ C increased the volume fraction of the cubic
phase while the amount of h-AlN was still small. An inherent compositional
modulation of the ﬁlm, caused by rotation of the substrate holder during
deposition, was enhanced during annealing. The annealed ﬁlm exhibited a
structure with layers enriched in ZrN and AlN. Also in ZrAlN/ZrN multilayers in Paper 2, ZrN- and AlN-rich layers formed within the ZrAlN sublayers
during annealing. In both the Zr0.44 Al0.56 N1.20 and the Zr0.44 Al0.56 N1.20 /ZrN
ﬁlm nitrogen was lost during annealing as observed by thermogravity measurements and ERDA on the annealed ﬁlms. The amount of lost nitrogen
increases with the Al-content and for a pure ZrN1.17 ﬁlm no loss of nitrogen
was detected during annealing.
The thermal stability of nanocomposite ZrAlN was studied in Paper 1,
2, and 3. During annealing the nanocomposite structure phase transforms
to the equilibrium c-ZrN and h-AlN phases. In Paper 3 this was observed
to take place in several steps. The as-deposited ﬁlm, consisting of small cZr(Al)N and h-(Zr)AlN grains in an amorphous ZrAlN matrix was annealed
to temperatures between 1000 and 1400 ◦ C. The structure of the annealed
ﬁlms was determined by x-ray scattering experiments. In the ﬁrst step of
phase transformation, between 1000 and 1250 ◦ C, c-ZrN nucleates in combination with growth of the already existing grains. Following this, the c-ZrN
grains grow while the AlN-rich matrix is still largely amorphous for annealing temperatures between 1200 and 1300 ◦ C. Finally, AlN nucleates and
grows at annealing temperatures above 1300 ◦ C. AlN is a stoichiometric
compound, which can only dissolve nitrogen contents of 50 at.%. The high
nitrogen content in the ﬁlms thus hinders growth of this phase. From the
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results in Paper 2, the excess nitrogen is observed to leave the ﬁlm at ∼1300
◦
C, which is the same temperature as h-AlN grows.

9.3

Auto-organization in ZrAlN/ZrAlTiN/TiN
multilayers

The high-temperature properties of ZrAlN/ZrN and ZrAlN/TiN multilayers
were studied in Paper 5. The multilayers were deposited by arc-evaporation
and the individual sublayer thickness was ∼ 15 nm. In the as-deposited ﬁlms,
the sublayer interfaces are sharp as seen in the scanning transmission electron
micrograph (STEM) in Fig. 27 (a). The elemental proﬁle, determined by
energy dispersive x-ray spectroscopy, in Fig. 27 (d) also shows well separated
TiN and ZrAlN sublayers.
Annealing of the ﬁlms result in separation of AlN and ZrN. In the ZrAlN/
ZrN ﬁlm this results in growth of the c-ZrN and a decreased hardness when
the ﬁlm is annealed above 800 ◦ C.
In the ZrAlN/TiN ﬁlm, interdiﬀusion at the sublayer interfaces takes
place. The STEM micrograph in Fig. 27 (b) shows three diﬀerent sublayers
in the ﬁlm annealed at 1100 ◦ C. The elemental proﬁle in Fig. 27 (d) shows
that the AlN-rich layers, seen as thin, dark contrast layers in Fig. 27 (b),
have decreased in size. In contrast, the thickness of the TiN sublayers has
increased during annealing and Zr is now present in the TiN sublayers. The
interfaces between the TiN and AlN-rich layers are rich in Zr while containing
also Ti and small amounts of Al. The interdiﬀusion at the sublayer interfaces
results in formation of a new cubic Zr(Al,Ti)N phase, observed in the selected
area diﬀraction pattern as diﬀuse diﬀraction rings inside the diﬀraction rings
from c-TiN. By formation of a new metastable cubic Zr(Al,Ti)N phase and
simultaneous dissolution of Zr in the TiN sublayers, the lattice parameter
mismatch between the diﬀerent phases is decreased. c-ZrTiN is a metastable
phase with a smaller miscibility gap than ZrAlN [7, 5]. The smaller miscibility gap and the decreased lattice parameter mismatch that reduces the
strain energy can make formation of this phase energetically favorable. The
additional layering in the ﬁlm during annealing together with the formed
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Figure 27: Scanning transmission micrograph of an (a) as-deposited and (b) 1100
◦ C-annealed ZrAlN/TiN ﬁlm. In (c) the selected area diﬀraction pattern of the
annealed ﬁlm is shown. (d) shows the elemental proﬁles of the as-deposited and
annealed ﬁlms determined by energy dispersive x-ray spectroscopy. (From Paper
5.)
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Zr(Al,Ti)N phase increases the hardness of the ﬁlm when annealed above
900 ◦ C.

9.4

Microstructure and strain evolution during
spinodal decomposition of TiAlN

c-TiAlN is known to decompose by the spinodal mechanism during annealing
above ∼800 ◦ C, resulting in formation of cubic structure domains enriched
in TiN and AlN [8-10]. The resulting coherency strains and the diﬀerence in
elastic properties between the domains [11] is believed to be responsible for
the increased hardness of the annealed ﬁlm.
To improve the understanding of the inﬂuence of composition on the microstructure and strain evolution during annealing, a combination of phase
ﬁeld simulations and in-situ x-ray scattering experiments was used in Paper 6 and 7. Arc-evaporated Ti1−x Alx N ﬁlms with x=0.47 and x=0.65 were
studied during annealing by high-energy x-ray scattering in transmission geometry. Experiments were performed at a constant heating rate (Paper 6)
or at a constant temperature (Paper 7). A two-dimensional pseudo-binary
phase ﬁeld model was used to simulate the microstructure and strain evolution during spinodal decomposition.
The microstructure evolution was found to depend on the composition of
the ﬁlm due to diﬀerences in elastic properties. In the Ti0.50 Al0.50 N ﬁlm, the
simulations show formation of almost symmetrical AlN-rich domains while
the larger elastic anisotropy in the Ti0.33 Al0.67 N ﬁlm causes the domains to
align along elastically softer directions. Both simulations and experiment
showed that during the initial stage of decomposition the size of AlN- and
TiN-rich domains are constant after which coarsening of the domains takes
place. The coarsening begins earlier in the Ti0.35 Al0.65 N ﬁlm as this has the
largest driving force for decomposition. The results in Paper 7 further show
that the rate of decomposition is strongly dependent on the temperature, as
expected for the thermally activated process of diﬀusion.
Due to diﬀerences in molar volume between the c-TiAlN and the evolving
phases, strains are formed in the c-TiN and c-AlN during decomposition. In
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the c-TiAlN matrix phase only a small decrease in strain takes place as
observed by the simulation results in Paper 6. With a constant heating rate
in Paper 6, a large increase in strain was found at annealing temperatures
above ∼ 930 ◦ C for the Ti0.53 Al0.47 N ﬁlm. This is assigned to formation of
h-AlN domains in the ﬁlm.
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10
10.1

Future work
Wear mechanisms of ZrAlN

ZrAlN is a new material system which is today not used in commercial cutting applications. In Paper 1-4, the structure, mechanical properties, and
thermal stability of ZrAlN ﬁlms were studied. Both the cubic structure and
hexagonal structure ﬁlms were observed to exhibit a hardness of ∼30 GPa
after annealing at 1000 ◦ C. The high hardness after annealing makes this an
interesting material system for cutting applications.
In Ch. 6 the results from a cutting test of ZrAlN coatings were presented. The preliminary results show that despite the similar hardness of the
as-deposited ﬁlms, they behave diﬀerent in a cutting application. Especially
the h-Zr0.17 Al0.83 N coatings show interesting results with the best cutting
performance of the tested coatings. Similar results were obtained in Ref. [1]
where a coating with this composition showed less wear than coatings with
lower Al content during a cutting test. This coating was also found to have
the highest hardness of the tested coatings after annealing at 800-1200 ◦ C
[1]. To further understand the wear mechanisms of these coatings, more detailed studies are needed. Comparative TEM-studies should be performed of
the coatings with diﬀerent compositions to observe if the changes in cutting
performance can be related to the coating, the adhered layer or the interface
between the two. The better cutting performance of the h-Zr0.17 Al0.83 N coating can be both an eﬀect of the chemical composition and the mechanical
properties at high temperatures.

10.2

Auto-organization in multilayers

The results in Paper 5 on auto-organization in ZrAlN/TiN multilayers show
age hardening of the ﬁlm due to formation of a new metastable c-Zr(Al,Ti)N
phase. The formation of this metastable alloy is made possible by the lower
miscibility gap of this phase compared to the ZrAlN. In addition, the formation of this phase decreases the lattice mismatch to the other phases during
decomposition.
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By the multilayered structure of the as-deposited ﬁlm, the formation of
this new phase takes place at the sublayer interfaces resulting in an even
more layered structure. The layered structure further acts to improve the
mechanical properties of the ﬁlm.
The concept of allowing for formation of secondary, metastable phases
during deocomposition should be of interest in other material systems as
well. In addition, ZrAlN sublayers with diﬀerent Al-content should inﬂuence
the thermal stability of these type of coatings.
The hardness increase at temperatures that are similar to the temperature
of a cutting insert during operation for the ZrAlN/TiN multilayer further
makes it interesting to test this coating in a cutting application.

10.3

Thermal stability of h-ZrAlN

The thermal stability of h-ZrAlN thin ﬁlms was studied in Paper 4 by x-ray
diﬀraction and transmission electron microscopy. It was observed that during
annealing at 1000 ◦ C domains enriched in AlN and ZrN were formed within
the hexagonal lattice. The ﬁlm had an inherent compositional modulation,
arising from rotation of the substrate holder during deposition, which was
strengthened during annealing. Also across this compositional modulation,
only a hexagonal phase was found. The formation of the AlN- and ZrNrich domains increased the hardness of the ﬁlm. The mechanism behind
the phase transformations in these ﬁlms should be studied further. The
hexagonal ZrAlN ﬁlms were also the ﬁlms that performed best in the cutting
tests reported on in Ch. 6.
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