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Abstract	  

Enhanced toughness in brittle ceramic materials, such as transition 
metal nitrides (TMN), is achieved by optimizing the occupancy of shear-
sensitive metallic electronic-states. This is the major result of my theoretical 
research, aimed to solve an inherent long-standing problem for hard ceramic 
protective coatings: brittleness. High hardness, in combination with high 
toughness, is thus one of the most desired mechanical/physical properties in 
modern coatings. A significant part of this PhD Thesis is dedicated to the 
density functional theory (DFT) calculations carried out to understand the 
electronic origins of ductility, and to predict novel TMN alloys with optimal 
hardness/toughness ratios. Importantly, one of the TMN alloys identified in 
my theoretical work has subsequently been synthesized in the laboratory and 
exhibits the predicted properties.  

The second part of this Thesis concerns molecular dynamics (MD) 
simulations of Ti, N, and TiNx adspecies diffusion on TiN surfaces, chosen as 
a model material, to provide unprecedented detail of critical atomic-scale 
transport processes, which dictate the growth modes of TMN thin films. Even 
the most advanced experimental techniques cannot provide sufficient 
information on the kinetics and dynamics of picosecond atomistic processes, 
which affect thin films nucleation and growth. Information on these 
phenomena would allow experimentalists to better understand the role of 
deposition conditions and fine tune thin films growth modes, to tailor coatings 
properties to the requirements of different applications. The MD simulations 
discussed in the second part of this PhD Thesis, predict that Ti adatoms and 
TiN2 admolecules are the most mobile species on TiN(001) terraces. 
Moreover, these adspecies are rapidly incorporated at island descending steps, 
and primarily contribute to layer-by-layer growth. In contrast, TiN3 tetramers 
are found to be essentially stationary on both TiN(001) terraces and islands, 
and thus constitute the critical nuclei for three-dimensional growth. 
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Populärvetenskaplig	  sammanfattning	  

Tunna filmer är extremt tunna lager (milliondels av en meter) som läggs 
på ytor på t ex verktyg och komponenter för att förbättra de mekaniska 
egenskaperna eller för att ge dem önskade elektriska eller optiska egenskaper. 

Nitrider av övergångsmetaller, som titan, wolfram, vanadin och 
molybden (TMN) är mycket hårda keramiska material, vilka läggs på ytorna 
av skärande verktyg eller masindelar för att minska förslitningen. Detta 
medför drastiskt minskade kostnader eftersom verktygen och maskindelarna 
kan användas längre tid innan de är utslitna. 

De mycket hårda keramiska materialen är emellertid spröda. Detta ger 
problem eftersom delar av ytbeläggningen kan spräckas och delar skalas av, 
vilket lämnar oskyddade ytor av det underliggande materialet. En bra 
skyddande ytbeläggning måste därför inte bara vara hård utan också seg. 

Första delen av min avhandling är en teoretisk studie av hur den 
elektroniska sammansättningen av TMN-material påverkar dess egenskaper. 
Resultaten visar att det är möjligt att erhålla en kombination av såväl hårdhet 
som seghet. Anledningen till detta som jag upptäckt är att man kan påverka de 
mekaniska egenskaperna via manipulering av den elektroniska strukturen av 
materialet. Nyckeln till att hindra sprickbildning i TMN är att kontrollera 
koncentrationen av valenselektroner genom smart legering med en blandning 
av metaller. T.ex. fungerar molbyden och wolfram eller vanadin och 
molybden bra ihop. Det bevisas med experiment i avhandlingen. Atomplanen 
glider på varandra, men bindningarna mellan atomerna återskapas i samma 
takt. 

Tunna skyddande ytor läggs på ytor av verktyg och andra komponenter 
med hjälp av vacuum teknik. Detta innebär att man skapar en gas bestående av 
det ytskyddande materialet i en sluten volym och att denna gas kondenseras på 
ytorna på den detalj som skall ytbeläggas/skyddas. 

Det sätt, på vilket enskilda atomer eller molekyler rör sig och 
organiseras i den kondenserade ytan, avgör hur den tunna, skyddande ytan 
formas och också hur dess slutliga mikrostruktur kommer att se ut. Eftersom 
den tunna ytans struktur är helt avgörande för vilka egenskaper ytan kommer 
att få är det väsentligt att förstå hur atomlagret växer vid kondenseringen på 
materialet. 

Den andra delen av min avhandling beskriver de teoretiska studier, 
vilka syftar till att förstå de mekanismer som styr tillväxten och utformningen 
av den tunna skyddande filmen och atomernas och molekylernas lägen i 
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filmen. Resultaten ger värdefull information om hur man praktiskt kan styra 
kondensationen vid ytbeläggningen för att få ytfilmer med specifika 
mikrostrukturer och egenskaper. Speciellt har min forskning för första gången 
visat att Ti-atomer och TiN2-molekyler rör sig mest på ytan av den kubiska 
TiN-kristallen. Det hjälper fram en plan yta där atomerna snabbare hittar sina 
platser för att växa kristallen lager-för-lager. Däremot är TiN3-molekylerna 
väsentligen stillastående vid typiska temperaturer för förångningsprocesser 
och därmed i huvudsak främjar 3-dimensionell tillväxt av filmen. 
Beräkningarna inkluderade N atomer där jag har löst Newtons tre rörelselagar 
för alla atomerna varje femtosekund (det går en miljard miljoner sådana på en 
sekund bara) under flera mikrosekunder. Kraftväxelverkan mellan titan och 
kväve var inte så väl kända tidigare, så här jag också bidragit till att utveckla 
mera realistiska potentialer. Det har stort värde för framtida simuleringar av 
hur industriella ytbeläggningar kan utvecklas både för verktygsindustrin och 
miniatyriserad elektronik. 

	  



 vii 

Preface	  

My graduate studies in the Thin Film Physics Division at Linköping 
University focused on two different important problems related to the physics 
of hard ceramic protective coatings. The materials at the center of these 
investigations are cubic-B1 (NaCl-structure) refractory transition metal 
nitrides (TMN) compounds and alloys. 

The first goal of my research was to address an engineering problem, 
inherent to ceramic materials, which reduces their potential use in most 
applications: brittleness. To solve this stalemate I carried out density 
functional theory (DFT) calculations to identify candidate TMN alloys which, 
besides high hardness, could possess enhanced ductility (reduced brittleness), 
hence improved toughness. Based on this electronic structure analysis I 
predicted that a dual hard/tough mechanical response can be accomplished in 
these materials upon tuning the valence electron concentration (VEC). These 
theoretical predictions have been verified by my colleague, Hanna Kindlund, 
who synthesized one of the candidate TMN alloys. Experimental tests 
demonstrate the superior hardness/toughness ratio of these thin films as well 
as their significantly higher wear resistance.  
 The second part of my research was dedicated to the study of critical 
atomistic processes relevant to TMN thin film growth via molecular dynamics 
(MD) simulations. The goal was to further understand the dynamics and 
kinetics of atomic-scale mass-transport and nucleation process, which dictate 
the growth modes of cubic-TMN compounds and alloys in general. For this 
purpose TiN served as a model system. MD simulations have been performed 
using two different approaches, i.e. via classical (CMD), and quantum-
mechanical (QMD) descriptions of the atomic interactions.	  
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1 INTRODUCTION	  

Transition metal nitrides (TMN) are ceramic materials which possess 
numerous remarkable properties such as high hardness and wear resistance, 
high melting temperatures, and good chemical inertness.1, 2 TMN coatings are 
typically deposited on cutting tools and engine components (Fig. 1.1) to 
protect them against heat, scratch, abrasion, erosion, corrosion, oxidation, and 
wear. 

 

 

Fig. 1.1. Cutting tool (left) and fighter afterburner (right) in operation. 

 

Wear is a cause for large losses in industries worldwide.3 In machining 
operations, cutting tools are used to reshape workpieces of material in desired 
final forms, process in which cutting tools are exposed to high temperatures 
and pressures, and their surface is rapidly worn out. The application of thin 
layers of hard ceramic materials on tools surface significantly extends their 
lifetime and at the same time improves performance. Great efforts to enhance 
the hardness of ceramic materials have been made over the past two decades 
in order to further improve the wear resistance of protective coatings and 
drastically reduce costs.4-8 

Hard ceramics, however, are inherently brittle. This problem limits their 
potential use in most applications, where the typically harsh in-use conditions 
lead to the formation and propagation of microcracks in the thin films surface, 
which in turn results in coatings being peeled off and leaving 
tools/components unprotected.  Thus, besides high hardness, good protective 
coatings require enhanced ductility, which is the ability of a material to 
withstand high stresses by dissipating mechanical energy via plastic 
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deformations. The combination of high hardness/strength and ductility equates 
to high toughness. 

  To improve toughness in TMN coatings, one needs to design alloys 
which, in addition to high hardness, exhibit enhanced ductility. To achieve this 
goal, one needs to address the following question: can hard materials, which 
are inherently very resistant to change of shape and plastic deformations, be 
ductile at the same time? The solution to this problem is not straightforward. 
A reasonable starting point in this quest is to modify the chemical composition 
of TMN alloys, in order to tune their electronic structure to achieve specific 
mechanical properties. The aim is to design alloys with dual, or selective, 
mechanical response to applied stresses: to maintain hardness, alloys should 
yield initially a highly elastic mechanical response; however, when applied 
stresses overcome the materials yield point, alloys should behave plastically, 
or be ductile, to prevent crack formation and propagation, which lead to brittle 
failure in ceramic materials. 

 The properties of thin films depend not only on their chemical 
compositions, but also on their microstructure. During deposition, the 
evolution of the thin film microstructure is a complex phenomenon regulated 
by the interplay between thermodynamics and kinetics. There are still many 
open questions regarding the incorporation of single atoms on surfaces, their 
diffusion, and how they bond to form molecules and clusters. These processes, 
which may evolve in complex patterns, lead to the final film microstructure. 
This is due to the fact that the migration of adatoms and admolecules on 
evolving thin film surfaces occurs in extremely short time intervals 
(picoseconds). Hence, to probe the mass-transport phenomena which dictate 
thin film nucleation and growth is a formidable task, which in experiments can 
partially be accomplished with advanced techniques.9-13 More detailed 
descriptions of these processes, such as those obtained in computer 
simulations, would allow experimentalists to understand the role of, and set-up 
deposition conditions to fine tune thin films growth modes, and tailor coatings 
properties to the requirements of different applications. 

1.1 Mechanical	  properties	  in	  ceramics	  

Within the last two decades significant efforts have been made to 
increase hardness in ceramic coatings. Currently, a number of methods are 
established to strengthen thin film materials, eg. by synthesizing multilayers or 
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nanocomposite structures.14-17 Since hardening techniques mostly focus on 
hindering dislocation motion, and hence reduce the plastic mechanical 
response in materials, increased hardness is inevitably accompanied by 
embrittlement.   

For bulk ceramics, various techniques are commonly applied to enhance 
toughness, e.g. fiber and whisker toughening, ductile phase toughening, or 
phase transformation toughening.18-20 For ceramic coatings, however, the use 
of the same techniques as in bulk to enhance toughness does not yield 
satisfactory results.21, 22 Moreover, while in bulk materials, fracture toughness 
can be easily assessed using the Charpy test, or the three-point bending,23, 24 
these methods do not apply to thin films due to obvious thickness limitations. 
Only recently, techniques for quantitative evaluation of toughness in coatings, 
and standalone thin films have become available.25  

To systematically enhance toughness in ceramics, it is necessary to 
substitute the trial-and-error approach, commonly used in experiments, with 
theoretical investigations, as these can reveal the mechanisms responsible for 
brittleness and ductility at the electronic level. First-principles calculations 
have already been proven to successfully predict the electronic origin of 
hardness in single-crystal transition metal nitrides and carbides. As exposed in 
this Thesis, in my studies I follow an analogous route to design TMN ceramics 
with enhanced toughness. 

Below I summarize the results of two theoretical studies, both of which 
use the valence electron concentration (VEC) as a key quantity for controlling 
the hardness of TMN alloys. Hugosson et al.26 employed the VEC tuning 
method to set the cubic and hexagonal structures of transition metal carbide 
alloys to equal energy, hence favoring the formation of stacking faults in the 
film microstructure. This was proven to enhance hardness by obstructing 
dislocation glide across the faults.27 Jhi et al.28 demonstrated that hardness 
reaches its maximum value for VEC = 8.4 in cubic transition metal carbo-
nitrides. This magic VEC number allows for the complete occupation of 
shear-resistant metal-N bonds, while shear-sensitive metallic electronic-states 
are left empty, and consequently the material resistance to shape changes, or 
plastic deformations, is maximized. 

With respect to the ductility of TMN alloys, however, no rigorous 
electronic structure analysis has been reported prior to my first paper. Previous 
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theoretical studies were limited to elastic constants evaluations, and ductility 
predictions using empirical criteria.29, 30 Hence, the understanding, at 
quantum-mechanical level, of ductility origins in TMN was indeed poor, and 
there was no clear route on how to design single-crystal, cubic-TMN alloys, 
with enhanced toughness.  

In Chapter 2 of this Thesis I describe the computational tools used to 
study the inherent problem of brittleness in TMN (presented in Chapter 4), 
and analyze their electronic structure to design TMN alloys with enhanced 
toughness (Chapter 5). The results show that the VEC tuning method can also 
be used to optimize the hardness/toughness ratio in these materials. Finally, in 
Chapter 7, I briefly discuss the importance of these studies, and possible future 
progress in this topic. 

1.2 Dynamics	  on	  surfaces	  

Theoretical studies of atomistic processes responsible for thin film 
nucleation and growth have been carried out extensively for single-element 
surfaces, as well as compound surfaces, with empirical31-36 or semi-empirical37 
potential models, static first-principles calculations,38-45 and dynamics based 
on ab-initio methods.46, 47 It should be noted that other methods, e.g. Monte 
Carlo, can be used for this purpose,48-50 but are not discussed in this Thesis. 
Key phenomena of interest (Fig. 1.2) concern intralayer and interlayer mass 
transport kinetics and dynamics, as these regulate surface morphological 
evolution and growth modes. The following two paragraphs summarize the 
predictions made with computational methods regarding some of these critical 
processes. 

 The diffusion pathways and kinetics of adspecies on evolving surfaces 
during thin film growth are dictated by the symmetry and strain51 of 
underlying layers, as well as by the geometry of the migrating adspecies.52 
The mechanisms that lead to mass transport on surfaces, from the elementary 
case of single45 and double adatom jumps37 between stable positions, become 
more complex for clusters or islands. For example it was shown that Cu 
clusters on MgO(001) surfaces diffuse via rolling or twisting motions.46 
Diffusion via reptation was observed for Pt clusters on Pt(111).53, 54 The 
Si(001) surface  also serves as a good example for  how symmetry  affects 
mass transport. This surface, important for device applications, reconstructs 
via the formation of Si2 dimers arranged in parallel rows.36 This leads to 
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anisotropic adatom diffusion and incorporation at descending terrace steps,40 
which entails a preferential direction for layer growth. 

The rate at which adspecies are incorporated at ascending terrace or island 
steps, and hence contribute to layer-by-layer and/or step-flow growth, are 
dictated by the diffusion kinetics and funneling effects, which in turn depend 
on the interactions between steps and migrating adspecies.55, 56 Equally 
important, in determining whether 2- or 3-dimensional growth prevails, is the 
rate at which adspecies descend to lower surface layers. This is strongly 
affected by an additional energy barrier encountered at the layer periphery 
(Ehrlich barrier).57, 58 Due to large Ehrlich barriers, the descent of adspecies 
from atop clusters onto terraces may occur via exchange mechanisms59 rather 
than via direct hopping. 

 

 

Fig. 1.2. Schematic illustration of key phenomena occurring during thin film deposition.  

 

 Using simulations based on empirical classical models, one can resolve 
the dynamical evolution of large systems (million of atoms) for reasonable   
time scales (from nano- to micro-seconds).  In addition, computer simulations 
enable the visualization of many important phenomena related to thin film 
growth. However, in the case of TMN, which contain an intricate mixture of 
ionic and covalent bonds,60-62 even for bulk simulations, complex 
mathematical formalisms are required to reliably describe systems.60-62 On 
surfaces, the reduced symmetry further complicates the problem, and often 
reduces the capability of these models to qualitative predictions. 
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The accurate description of material surface properties is a difficult task to 
accomplish even with quantum-mechanical calculations. This is due to the fact 
that the most efficient approximations,63-67 which reasonably well reproduce 
electron-electron interactions in bulk, are less suitable for surfaces,68-70 case in 
which the use of exact, computationally-expensive, mathematical formulations 
is required to account for these interactions.71, 72 For TMN compounds and 
alloys, containing complex mixtures of covalent, ionic, and metallic bonds, 
this problem becomes much more complicated. The results obtained from ab-
initio calculations, even for an elementary property, such as the surface 
formation energy, largely depend on the approximation used.73 Moreover, 
calculations performed with quantum-mechanical methods demand 
considerably greater computational resources than classical models, and are 
hence limited to the study of small (hundreds of atoms) systems. 
Summarizing, while first-principle methods are more accurate than empirical 
potentials, it is not possible to comprehensively understand thin film growth 
mechanisms by using these techniques alone. To achieve detailed and reliable 
information on TMN surface properties, and of the phenomena controlling 
thin film nucleation and growth, it is thus necessary to combine the use of 
classical and quantum-mechanical techniques.   

 I use both ab-initio and classical computations to determine critical 
surface properties, e.g. self-diffusion barriers, Ehrlich barriers, and adatom 
formation energies, which strongly affect intralayer and interlayer mass 
transport, and hence the surface and microstructure evolution during growth, 
for one of the most representative TMN surface: TiN(001). These results are 
complemented with those obtained in molecular dynamics simulations to 
provide useful insights regarding the mechanisms which dictate growth modes 
on TMN surfaces in general.  

It is seen, for example, that the relative mobilities and migration pathways 
of adspecies are different on TiN(001) terraces compared to islands. This 
entails that isotropic/anisotropic mass transport occurs on TiN(001) 
surfaces/clusters. By rapidly diffusing on terraces, and descending from 
islands, Ti adatoms and TiN2 trimers largely promote 2-dimensional growth. 
In contrast, TiN3 tetramers are essentially stationary at typical deposition 
temperatures, and when residing on islands constitute an elementary nucleus 
for the formation of a subsequent layer. 
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In Chapter 3 of this Thesis I describe the simulation techniques used to 
investigate the phenomena occurring on TMN surfaces during thin film 
growth (presented in Chapter 6). In Chapter 7 I discuss the relevance of this 
work and its future development. 
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2 DENSITY	  FUNCTIONAL	  THEORY	  (DFT)	  

Density functional theory (DFT) is an efficient and accurate quantum 
mechanical method, nowadays widely applied in materials and surface 
science, as it fairly accurately predicts various properties of atoms, molecules, 
or solids.  

In DFT the many-body Schrödinger differential equation is reduced to a 
single-particle problem. This simplification is based on Hohenberg and Kohn 
theorems,74 which demonstrate that the total energy of a system is: (i) a unique 
functional of the electronic charge density, and (ii) minimized by the ground-
state electron density. The latter is determined with increasing accuracies by 
following an iterative scheme procedure. More detailed descriptions of DFT 
and its mathematical formalism were included in my Licentiate Thesis.2 

As any quantum mechanical method, DFT calculations are relatively 
expensive in terms of computational resources needed. Hence, in these 
calculations one typically employs simulation supercells containing up to a 
maximum of a few hundred atoms. 

For the main scope of my research, aiming to improve the mechanical 
properties of TMN, DFT has been especially useful to investigate alloys bulk 
properties such as: crystal structure stabilities, elastic constants, slip systems 
activity, and electronic structures. Since DFT calculations are carried out at 0 
Kelvin, these predictions do not account for molecular or lattice vibrations 
(phonons). Hence, to study surface evolution phenomena involved during film 
nucleation and growth, molecular dynamics simulations are preferred. DFT 
calculations, however, have been used to compare the results for surface 
formation energies, adatoms and admolecules adsorption energies, surface 
diffusion barriers and pathways, and the interactions between adspecies and 
substrates. 

Finally, it is important to underline a few limitations of this technique. 
In certain problems, for instance concerning low dimensional systems,72 the 
approximations employed in DFT to estimate the electron correlation and 
exchange energies may reduce its predictive capabilities to qualitative 
estimations. 

DFT calculations have been performed with the Vienna ab-initio 
simulation package (VASP),75 using the generalized gradient approximation 
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(GGA)66 for the electronic exchange and correlation energy, and projector 
augmented wave (PAW)76 method to describe the electron – ion interaction. 

2.1 Electronic	  charge	  density	  and	  charge	  transfer	  maps	  

 The electronic charge density !  of a system can be computed at each 
point !r  in the real lattice space from the electronic wave-functions !  as 
follows: 

!(!r) = "n,"k (
!r)

2

n,
"
k
# ,                                           (2.1) 

where n is the band index and 
!
k  is a k-point in the reciprocal lattice space. 

Charge density plots allow the visualization of electronic distributions in 
materials, hence provide qualitative information on chemical bonding. 

 For a more quantitative description of chemical bonding, however, it is 
preferred to compare charge density plots with electron localization maps. 
These can be obtained by using, for example, the electron localization 
function (ELF).77 Another common procedure, used to trace the electronic 
charge transfer/localization in materials, consists in calculating the charge 
density difference !diff  between the compound electronic distribution !  and 
the superposition of the electron distribution !  of the atoms (located at 

positions 
!ri  in the material) in their gas state:  

!diff (
!r) =!(!r)" !i (

!r " !ri )
i

atoms

# .                                   (2.2) 

Positive !diff  values indicate electronic charge accumulation, whereas negative 
values indicate electronic depletion. 

 Both techniques are particularly useful to analyze the chemical bond 
response to stresses applied along specific directions. These investigations are 
accomplished by calculating the ground state charge density, and the 
superposition of the atomic charge densities, upon imposing fixed deformed 
shapes to the simulation supercell. 
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2.2 Density	  of	  states	  (DOS)	  and	  crystal	  orbital	  overlap	  population	  
(COOP)	  

 Solids contain a number of electrons which is comparable to the 
Avogadro’s number (~1023). Hence, the energy spectrum of a wavefunction 
(Hamiltonian eigenvalues) is formed by a continuous set of values. The 
density of states (DOS) function can be thought of as a histogram, which 
represents the number of eigenstates per energy interval. By counting 
(Brillouin zone integration) the number of states contained in infinitesimally 
small energy intervals, the DOS function becomes a continuous curve, which 
quantifies the wavefunctions density on the energy scale. The DOS function is 
typically plotted, by taking the Fermi level as zero energy value. The 
electronic structure of electric conductors, such as metals, is characterized by 
DOS functions, which have non-zero values at the Fermi level. The DOS is 
useful, for example, to determine material’s total, or local, lm character (each 
l, azimuthal, and m, magnetic, quantum numbers combination labels a 
different atomic orbital) in wavefunctions. The DOS function in itself, 
however, does not provide any indication regarding the bonding or anti-
bonding character in the electronic states. For this type of chemical bonding 
analysis it is necessary to calculate the crystal orbital overlap population 
(COOP)78 function, which is a generalization to the solid state of the 
molecular bond order function. 

In its most intuitive and useful definition, COOP is the DOS function 
projection, on the energy scale, into bonding and anti-bonding states. The sign 
of the COOP function indicates bonding (positive) or anti-bonding (negative) 
states. As the COOP function construction is based on the wave-interference 
between pairs of atomic orbitals centered on neighboring atoms, COOP can 
only return information regarding covalent bonding and anti-bonding 
character in chemical bonds. Hence, to identify ionicity in chemical bonds, it 
is necessary to visualize the charge transfer maps, calculated as described in 
the previous section. By integrating the COOP function (ICOOP) it is possible 
to determine relative chemical bonds strength. Finally, by comparing ICOOP 
values for chemical bonds oriented along different directions, it is possible to 
estimate the degree of directionality in material mechanical responses to 
stresses. A detailed treatment of COOP and of its mathematical formalisms 
can be found in my Licentiate Thesis,79 and publications.80, 81 
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2.2.1 Chemical	  bonds	  in	  TMN	  

The TMN that I have studied possess sodium chloride cubic structures, 
where each metal atom is coordinated to 6 first-neighbor N atoms along the 
<100>, and 12 second-neighbor metal atoms along the <110> crystallographic 
directions. From the wavefunction expansion onto spherical harmonics 
centered onto atomic positions it is possible to determine, via COOP analysis, 
the main lm quantum-number components in chemical bonds. These are 
illustrated in Fig. 2.1 for the metal – N and in Fig. 2.2 for the metal – metal 
bonds, respectively. 

 

 

Fig. 2.1. Primary N – metal chemical bond lm components in TMN. 
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Fig. 2.2. Primary metal – metal chemical bond lm components in TMN. 

 

2.3 Combined	  analysis	  of	  charge	  density	  maps	  and	  COOP	  

From the analysis of charge transfer maps one may easily determine 
whether chemical bonds have covalent/directional rather than ionic character. 
The relative degree of charge accumulation or depletion indicates the level of 
electron localization in covalent bonds or of charge transfer in ionic bonds. At 
any spatial lattice position, the probability to find an electron is related to the 
local degree of constructive interference between wavefunctions (see Eq. 2.1). 
Hence, to resolve which combination of atomic orbitals mostly contribute to 
the formation of specific chemical bonds it is necessary to calculate the charge 
density corresponding to wavefunctions with eigenvalues contained in a 
definite energy range and/or given k-vectors.28, 82 Low charge density values 
located at chemical bond geometric centers are indicative of non-bonding or 
anti-bonding states. This is simply due to the fact that destructive interference 
between combinations of atomic orbitals leads to the formation of a nodal 
plane in the electron-wavefunction. 
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Fig. 2.3(b) shows an example of partial charge density of a ternary 
TMN alloy calculated in the vicinity of the Fermi level in order to visualize 
the metallic bonding states. The COOP functions shown in Fig. 2.3(a) are used 
to better understand the charge density map (see Figs. 2.1 and 2.2 for orbital 
overlapping). It is clear from Fig. 2.3(b) that pairs of M1 atoms form d-t2g (only 
dxy – dxy are visible on the (001) plane) σ-bonding states. This is confirmed by 
COOP showing a bonding dxy – dxy peak in the [-1, 0 eV] energy range (red 
curve in Fig. 2.3(a)). Clearly, in this energy interval, no metal – N bonding 
states are occupied. This can be understood from the low density of charge 
(white color) located between M1 and N nuclei. COOP confirms that non-
bonding states are populated for the p (N) – dx

2 (M1) and the s (N) – dx
2 (M1) 

states (note that the black and the blue COOP curves have values close to zero 
in the [-1, 0 eV] energy interval). Finally, COOP calculations reveal the 
presence of π*-antibonding states formed between the metal and the N atom. 
These can be visualized in Fig. 2.4. 

 

 

Fig. 2.3. Comparison of COOP and partial charge density results for a ternary alloy. (a) 
COOP for primary metal – metal, and metal – N orbital overlapping. The vertical black 
solid-line, corresponding to -1 eV, marks the energy from which the partial charge density 
is calculated. (b) (001) in-plane partial charge density integrated on all k-states contained in 
the energy range between -1 and 0 eV. The color scale is in units of e-/Å3. 
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Fig. 2.4. The py (N) – dxy (M1) state is a π*-antibonding state in the energy range [-1, 0 eV] 
as demonstrated with COOP in Fig. 2.3(a) (green curve). For analogy, in this figure these 
two orbitals are shown in anti-phase. This corresponds to low (nearly zero) density of 
charge located in the regions where these two orbitals overlap (as indicated with black 
arrows). 

 

2.4 Determination	  of	  mechanical	  properties	  

 As described in the previous sections, charge density and COOP 
calculations can provide qualitative/quantitative information regarding the 
nature of chemical bonds in materials. It is however useful to use these 
techniques in combination with the results obtained from the calculation of 
elastic constants, stress-strain curves, and energy barriers for slip systems 
activation, to obtain a broader understanding of the mechanical behavior of 
materials. 

2.4.1 Elastic	  constants	  calculations	  

The number of independent elastic constants in crystals (21) decreases 
for increasing lattice symmetry degrees. The studied TMN compounds and 
alloys possess cubic or quasi-cubic structures, hence, the number of 
independent elastic constants is reduced to three, and these elastic constants 
are: C11, C12 and C44. From their values it is possible to derive bulk B, shear G, 
and Young’s E TMN elastic moduli, and Poisson’s ratios ν. 

In the elastic regime, the material’s energy dependence on strain values 
is described by Hooke’s law. The crystal elastic constants, which are 
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proportional to the second derivative of energy-density versus strain curves, 
are obtained by least square fitting of a set of total-energy data points 
calculated at small, positive and negative, strain values. C11, C12, and C44 
elastic constants, and the B, G, and E elastic moduli are determined by using 
the strain matrixes and the formulas reported in references [83, 84]. 
Mechanically stable materials have positive elastic constants and moduli 
values, and C11 > C12. 

2.4.2 Semi-‐empirical	  models	  for	  hardness	  estimations	  

Hardness is an engineering property of solids which quantifies the 
material’s ability to resist plastic deformations. This means that the higher the 
material hardness, the more difficult is to move dislocations. 

For perfect crystals, hardness can be related to an inherent physical-
mechanical material property, namely strength. A material’s strength is 
quantified as the mechanical load beyond which the plastic component of 
deformations becomes dominant.79 This hardness-strength relationship, which 
is reasonable to assume valid for perfect crystals, allows the use of semi-
empirical models to estimate the hardness of thin films. These methods 
account, for example,80 for chemical bond densities and strengths, which can 
be promptly determined via DFT calculations.  

Since actual hardness values are strongly dependent on film 
microstructures, which in turn may largely deviate from that of a defect-free 
crystal, the predictions obtained from these methods are often only qualitative. 
For the studied TMN systems discussed herein, however, given the high 
degree of crystallinity present in the structure of as-deposited films, the 
predicted hardness values and trends80, 81 are in good agreement with the 
results obtained from indentation tests85-89 

2.4.3 Stress	  –	  strain	  curves	  

The elastic constant values provide information about the elastic 
mechanical response in crystals. For a more complete description of 
mechanical behavior in solids, however, it is necessary to probe the material’s 
response to loads which are beyond the elastic range. For such type of study it 
is useful to determine the stress – strain relationship for deformation values 
spanning from the elastic regime up to the rupture point.79 
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At each strain value, stress – strain curves show the internal stress in 
crystals, which is determined via DFT calculations upon relaxing the atomic 
positions while imposing a fixed, and deformed, supercell shape. Accurate 
curves, i.e. representing the internal stress as a continuous function of strain, 
are determined by using an iterative procedure: at each strain value the initial 
supercell atomic coordinates are mapped from the relaxed atomic positions 
determined from the previous step. 

For cubic nitrides, deformations applied along <110> directions allow 
the analysis of the material mechanical response to shearing, while 
deformations applied along <100> directions are used to study the material’s 
resistance to tensile stress.  

2.4.4 Plastic	  deformations	  and	  dislocation-‐glide	  modeling	  

Plastic deformations may take place by (i) slip, (ii) twinning, or (iii) 
diffusion processes. Most often these occur via a so-called slip process90 
(dislocation motion) in which two parts of the lattice glide on each other.  

Dislocations90, 91 are line-defects in the crystal structure. These can be of 
the edge, screw, or mixed edge/screw type. Fig. 2.5(a) illustrates an example 
of crystal lattice containing an edge dislocation, in which the line-defect is due 
to a missing array of ions. To quantify the amount of distortion induced in the 
lattice by the presence of a dislocation, it is useful to introduce the concept of 
Burgers vector. Let us imagine a rectangular closed loop connecting a few 
lattice sites in a cubic crystal. If one introduces an edge dislocation in the 
lattice, such that this rectangular path surrounds the dislocation core, due to 
the lattice distortion induced by the presence of the dislocation, now the path 
becomes open (see black bold-line in Fig. 2.5(b)). The dislocation’s Burgers 
vector is defined as the vector connecting the two ends of this open path (see 
red arrow in Fig. 2.5(b)). The Burgers vector also defines the direction along 
which dislocation glide occurs.  

Fig. 2.5 shows the mechanism by which an edge dislocation moves into 
the lattice and hence produces a plastic deformation. An applied shear stress 
(black arrows in Fig. 2.5(a)) induces the two regions of the crystal, which are 
separated at their interface by the slip plane, to glide on each other. 
Comparing Fig. 2.5(a) with Fig. 2.5(b) one can see that, for each broken 
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chemical bond, a new one is formed so that the dislocation translates inside 
the lattice. 

 

 

Fig. 2.5. Edge dislocation glide activated by the application of shear stress. 

 

Any slip system is referred to as the combination of a slip plane and a 
direction along which these planes may glide. The slip systems, which are 
most easily activated, are composed of planes containing the shortest Burgers 
vector, and of the direction of this vector. In cubic-B1 nitrides the shortest 
Burgers vectors, which connect two atoms of the same type (2nd neighbor 
distance), are oriented along one of the <110> directions. 

Dislocations break the periodicity in bulk. Hence, studies of the glide of 
real dislocations would demand too large simulation supercells for the 
computational resources available. Nevertheless, one can study dislocation 
glide with DFT by calculating the system energy dependence to the 
displacement of lattice planes in a defect-free crystal. 

-‐	  The	  Frenkel	  model	  

According to the method proposed by Frenkel, one can model the slip 
process with rigid blocks of lattice layers gliding on each other as shown in 
Fig. 2.6. 

These calculations are performed by progressively displacing a few 
lattice planes ( 110{ }  in this example) along the direction of the Burgers vector 

( 110 ), and relaxing, at each step, the atomic positions only along directions 

orthogonal to the Burgers vector. For displacements equal to an integer 
multiple of the Burgers vector length the crystal reassumes its original 
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equilibrium structure. Hence, the variation of energy per unit area is a periodic 
function of the lattice displacement, with the period equal to the Burgers 
vector length. 

It is not possible to use the Frenkel model to achieve quantitative 
predictions, as it usually overestimates slip system activation barriers by 3 or 4 
orders of magnitude. Nevertheless this method is useful to establish the trends 
between different materials. 

 

 

Fig. 2.6. The Frenkel model applied to a B1-cubic compound. A crystallographic {110} 
plane glides along a 110  direction. Atoms in light red/blue colors belong to simulation 

supercells replica due to the periodic boundary conditions. 
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-‐	  The	  shear-‐glide	  model	  

In the Frenkel method, glide is modeled via the concerted translation of 
a group of crystal planes, while all atoms are kept fixed along the Burgers 
vector direction. 

A more realistic way of modeling should account for the distortions 
which are induced in the lattice by dislocation glide (strain field). In typical 
ductility/toughness tests (eg. the experiments conducted by Hanna Kindlund at 
Linköping University89), a sharp cube-corner indenter penetrates the entire 
thickness of the thin film. Hence, to reliably model the plastic deformations 
induced in crystal structures, one has to account at the same time for 
dislocation glide and lattice shear deformations. The shear-glide model 
proposed in this Thesis assumes that when two adjacent crystal slabs slide 
along each other, the atoms in the slab underneath the glide plane move 
concertedly in one direction, while atoms in the layer above remain at their 
positions (Fig. 2.7). To simulate shear deformation, atoms within each layer in 
the slab underneath move in equal, but linearly decreasing (from top to bottom 
layer) displacements, such that atoms next to the glide plane are displaced one 
full lattice spacing and those farthest from the glide are fixed. In this case the 
energy per unit area is (usually) a monotonically increasing function of the 
glide plane displacement. 

 

 

Fig. 2.7. The shear-glide model applied to a B1-cubic compound. A crystallographic {110} 
plane glides along a 110  direction. 
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-‐	  Remarks	  on	  modeling	  dislocation	  glide	  with	  DFT	  

It should be pointed out that dislocation glide in real systems is 
dependent on lattice vibrations (phonons). For example cubic carbides 
undergo brittle to ductile transitions at high temperatures due to the fact that 
other slip systems are activated.92 By applying the models described in the 
previous sections one obtains information about dislocation activity at low 
temperatures. 

2.4.5 Crack	  formation	  

Flaws in thin films form during their deposition or while they are in use. 
In brittle materials, the low mobility of dislocations reduces the possibility of 
releasing mechanical stress accumulated at crack tips by plastic flow. Hence, a 
crack may easily grow, and leads to rupture as shown on the top right panel of 
Fig. 2.8. If the stress needed to propagate a crack, however, is higher than that 
required to move dislocations sideways with respect to the crack direction, 
then the material will deform plastically, the crack tip will be blunted and the 
crack propagation stopped. This is a ductile mechanical response, which is 
illustrated on the bottom left panel of Fig. 2.8. 

 

 

Fig. 2.8. Schematic illustration of brittle and ductile mechanical behaviors in materials. 
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Following this rational, one simple criterion93 used to establish whether 
a material is more likely than others to break in a brittle manner, is to compare 
the ratios D of the stress required to form a new surface (maximum slope of 
un-relaxed surface energies as a function of surface separations φsurf), to that 
needed to move dislocations (maximum gradient of the energy per unit area as 
a function of the displacement during dislocation glide φslip as calculated, for 
example, with the Frenkel model (see Fig. 2.6)): 

D =
!surf
!slip

.                                               (2.3) 

Materials with high D ratios are less prone to develop cracks. 

2.5 Phase	  stability	  calculations	  

Thin film growth is a complicated phenomenon, driven by an intricate 
interplay of kinetically-controlled atomistic processes and thermodynamic 
driving forces. Specific deposition parameters and substrate orientations may 
be used to facilitate thin film materials to grow in a metastable phase. For 
instance, although ternary Ti1-xAlxN alloys are metastable in their cubic 
phase,94 cubic-TiAlN single-crystals can be grown on Si(001) substrates by 
controlling ion kinetic energies, and ion-to-metal flux ratios.95 

DFT calculations can be used to estimate solid solution thermodynamic 
stabilities via enthalpy of mixing calculations. The enthalpy of mixing ΔHmix 
of a M11-xM2xN solid solution, obtained by alloying (1–x) moles of M1N with 
x moles of M2N reference binaries, corresponds to the energy of mixing 
ΔEmix: 

!Emix (x) = E(M11"xM 2x N )" (1" x) #E(M1N )" x #E(M 2N ) ,              (2.4) 

where one uses the energies of the reference binaries at their equilibrium 
volumes. A negative ΔEmix value indicates that mixing is energetically 
favored.  By plotting ΔEmix as a function of the M2N concentration x, one can 
determine the miscibility range of M2N into M11-xM2xN solid solutions. In 
compositional ranges where the second derivative of ΔEmix is negative, there is 
a thermodynamic driving force for phase separation. At finite temperatures, 
however, not only thermodynamic, but also kinetic, entropic, and mechanical 
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(strain) factors affect phase stability and hence the formation of different film 
microstructures. 
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3 MOLECULAR	  DYNAMICS	  (MD)	  

 Molecular dynamics (MD) is a computational technique used to 
simulate the movement of interacting atoms in gas, liquid, or solid states at 
finite temperatures. Applied on surfaces, this method provides a detailed 
understanding of the dynamics and kinetics of critical processes which affect 
thin film nucleation and growth.31, 32, 96 

In MD simulations the atomic trajectories are determined by integrating 
Newton’s equation of motion on short time intervals (see for example Verlet 
algorithm in Ref. 97). The simulation time-step duration is chosen to be small 
compared to the frequency of lattice vibrations, to ensure the conservation of 
the thermodynamic properties of the system. At each time step, the 
temperature is computed from the translational kinetic energy of all degrees of 
freedom present in the system. A normal procedure, usually adopted to start 
simulations at specific temperatures, is to randomly assign atoms initial 
velocities corresponding to the Maxwell-Boltzmann distribution at the desired 
temperature. 

MD simulations are performed within certain constraints, defined as in 
standard statistical mechanics ensembles. A convenient choice in MD is to 
impose the conservation of the number of particles N, volume V, and total 
energy E upon the system to be simulated. These constraints are specific to the 
micro-canonical ensemble (NVE), in which, due to fact that the total energy E 
of the system is kept constant together with N and V, the temperature of the 
system is free to fluctuate. This is the ensemble that I have employed in all my 
MD simulations. In my simulations, however, I also impose a periodic 
rescaling of the translational kinetic energy degrees of freedom to force the 
system temperature to oscillate close to a specific average value. 

3.1 Classical	  MD	  simulations	  

Classical molecular dynamics (CMD) simulations treat the atoms as 
point-particles which interact as prescribed by the Newtonian laws. In CMD 
the potential energy of the system is based on empirical models.  

CMD simulations are significantly less computationally expensive than 
quantum-mechanical calculations. This fact allows for the simulation of 
systems containing up to millions of atoms and for microsecond timescales. 
Hence, CMD simulations are the primary computational tool to study 
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problems such as extended defects in bulk systems, surface dynamics and 
evolution phenomena, or thin film growth (Fig. 3.1). 

In my studies, all CMD simulations have been performed with the open-
source code distributed by Sandia National Laboratories, which is called: 
Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS).98  

 

 

Fig. 3.1. Typical snapshot from a CMD TiN(001) thin film growth simulation. 

 

3.1.1 The	  choice	  of	  interaction	  potential	  

In CMD simulations, to realistically model the interatomic forces of a 
material, it is important to carefully choose the empirical potential. Various 
empirical potentials have been designed to model material systems with 
different structures and chemical bond characteristics. For simple problems, 
such as modeling forces in diatomic molecules, it is sufficient to employ 
potentials which account for interatomic distances only (eg. Lennard-Jones). 
Potentials with complex mathematical formulations, which consider both 
interatomic distances and bond angles, such as the Tersoff potential, are 
needed to reliably model materials with highly-directional chemical bonds. 

3.1.2 Modified	  embedded	  atom	  method	  (MEAM)	  potential	  

Accounting for interatomic distances, chemical bond angles, and 
electronic-screening effects, the modified embedded atom method (MEAM) 
potential,99 has been proven to correctly reproduce structural and elastic 
properties for a number of fcc, bcc, and hcp metals.100-102 The latest 
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formulation of the MEAM has been extended to binary and ternary systems, 
and thus allows for the simulation of TMN compounds,61, 103 and alloys.62 

Within the MEAM formalism, the total energy of a system is expressed 
as: 

E = Fi (!i )+
1
2

Sij"ij (Rij )
j (#i )
$

%

&
'
'
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)
*
*i

$ ,                              (3.1) 

where Fi is the energy to embed atom i within the electron density iρ , )R( ijijφ  

is the pair interaction of atoms i and j as a function of separation distance Rij, 
and Sij is a screening function. 

3.1.3 Parameterization	  of	  empirical	  potentials	  

Empirical potentials are parameter-dependent mathematical functions. 
The number of parameters depends on the complexity of the model. The 
MEAM potential, for instance, requires approximately fifteen parameters to 
describe the interaction of each combination of atomic species. Overall, the 
reliability of CMD results strongly depends on how well these potential 
parameters reproduce materials properties.  

The parameters have to be fine-tuned (fitted) so that the classical 
potential reproduces experimentally measured, or theoretically assessed 
structural, elastic and physical material properties. A material property, 
however, generally depends on various potential parameters. This fact 
complicates the parameterization procedure. Moreover, the number of possible 
configurations becomes exceedingly large for a set of many parameters. In 
these situations, for the optimization of a large number of parameters it is 
convenient and/or necessary to apply Monte Carlo methods. 

-‐	  Parameters	  optimization	  via	  simulated	  annealing	  and	  the	  
Metropolis	  algorithm	  

A very efficient method used to optimize a large set of parameters is to 
use the Metropolis algorithm, one of the basic Monte Carlo methods, in 
combination with simulated annealing.104 The Metropolis algorithm explores 
the space of parameter configurations α with an occurrence probability P 
based on Boltzmann statistics: P(α)!exp[-K(α)/Τ], where K is a cost 
function, and T is a dummy temperature.  
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While, in principle, any configuration can be visited during the Monte 
Carlo simulation, configurations with large K will be encountered only if T is 
sufficiently high. The use of initially high T values allows quick escapes from 
local K function minima. On the other hand, too high T values might prevent 
the simulation from exploring configurations with very low K. This rational is 
useful to implement the Metropolis algorithm within a simulated annealing 
framework: by systematically varying the simulation temperature, it is 
possible to reach unexplored regions of the configurational space. 

Below I describe the Metropolis algorithm used in my MEAM 
parameters fitting, which is also illustrated in Fig. 3.2: 

(a) A cost function K, which is to be minimized via parameters 
optimization, and which is monitored throughout the simulation, is the 
key quantity of this method, as it determines the quality of the final set 
of parameters. K is arbitrary-defined as a function of all material 
physical properties that the set of parameters is to reproduce. The initial 
values of the parameters are randomly assigned. During the 
optimization procedure the parameters are allowed to vary within a 
reasonably guessed range. A dummy initial temperature value T is also 
arbitrarily set. T is to be varied to simulate the annealing. 

(b) The cost value Ki is computed from the initial set of parameters. 
(c) One of the parameters is randomly picked, and its value is randomly 

changed within the allowed range. 
(d) A new cost value Kn is computed.  
(e) If Kn ≤	 Ki, then the new set of parameters is accepted, the Kn value 

assigned to Ki, and the simulation continues from point (c); otherwise 
the simulation continues from point (f). 

(f) A real number n is randomly taken in the range [0, 1].  
(g) if n ≤ exp[(Ki-Kn)/T] then the new configuration is accepted, the Kn 

value assigned to Ki, and the simulation proceeds from point (c); 
otherwise the old configuration is kept and the simulation continues 
from point (c). 
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Fig. 3.2. Flowchart illustrating the steps of the Metropolis algorithm. 

 

 Finally, in Fig. 3.3 I show the result of the optimization procedure 
obtained by applying the Metropolis algorithm within a simulated annealing 
scheme. In this case, the aim was to find an improved set of parameters for an 
empirical potential which should reproduce the interactions between pairs of 
N2 molecules at various distances and relative orientations, as previously 
determined with quantum-mechanical calculations.105, 106 The performance of 
the optimized parameters set is significantly better than that of parameters 
previously published to simulate N2 with the same empirical potential. 
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Fig. 3.3. N2 – N2 potential energy as a function of distance and relative molecule 
orientations. Black curves are the results of quantum mechanical calculations. The 
optimized parameters set, obtained with the Metropolis algorithm and simulated annealing 
(green curves), outperforms previously published parameters (red curves). 

 

3.2 Quantum-‐mechanical	  MD	  simulations	  

In quantum-mechanical molecular dynamics (QMD) simulations, the 
interatomic forces are determined from the Hellmann-Feynman theorem via 
first-principles calculations. In each iteration step of a QMD simulation, the 
Hamiltonian operator is diagonalized, and the force acting on an atom i 
located at a position !r  is determined from the energy gradient in !r .  

QMD is much more accurate than CMD, and in fact the most accurate 
computational tool available in describing materials dynamics, but extremely 
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computationally-expensive. Hence, it only allows for the simulation of small 
systems (maximum few hundred atoms) for very short times intervals (at most 
fractions of a nanosecond). Finally, it should be pointed out that QMD, as well 
as DFT, have limitations in predicting surface properties. These are due to the 
approximations used for electron exchange and correlation energies, which 
may lead to overestimations or underestimations of adsorption energies 
depending on the adspecies position on surfaces.70, 72  

I have performed all QMD simulations with the VASP code,75 using the 
generalized gradient approximation (GGA),66 and the projector augmented 
wave (PAW)76 method. A standard Verlet algorithm was adopted to integrate 
the Newtonian’s equations of motion. 

3.3 Determination	  of	  diffusion	  barriers	  and	  pathways	  on	  surfaces	  

Movies obtained from MD simulations tracing the migration of adatoms 
and/or molecular complexes on surfaces yield relatively accurate details in 
terms of preferred adsorption positions, diffusion kinetics pathways for each 
adspecies. The most accurate way to determine diffusion energy-barriers for 
any adspecies consists in using the Arrhenius equation: 

 k = Aexp[!"E / (kBT )] ,                                      (3.2) 

where k is the rate constant (number of diffusion events), A is a pre-factor, ΔE 
the energy barrier, kB the Boltzmann constant and T the simulation 
temperature. Taking the logarithm on both sides of (3.2) one obtains: 

ln(k) = ln(A)! "E
kB

1
T
#

$
%

&

'
( .                                      (3.3) 

From this relationship, both the pre-factor A and the energy barrier ΔE can be 
obtained by linearly fitting ln(k) as a function of (1/T) data points. 

  Other methods for estimations of diffusion energy barriers involve 
energy minimization procedures as described in the following subsections. 

3.3.1 Adsorption	  energy	  landscapes	  

Adsorption energy landscapes can be used to estimate adatom diffusion 
energy barriers and pathways on surfaces. The procedure consist in relaxing 
the substrate atomic positions in the following manner: firstly, the surface top 
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layer atoms are relaxed in all directions, then the adatom is placed 
successively in all (x, y) positions  on a fine-point grid map of the surface unit 
cell,  and allowed to relax along the z direction only (Fig. 3.4). 

 

 

Fig. 3.4. Schematic illustration of adsorption energy landscape calculations. 

 

Using this method one can estimate relatively accurate critical diffusion 
energy barriers on surfaces which affect nucleation and growth. The most 



 31 

important are self-diffusion barriers, Ehrlich barriers,107, 108 and adatom 
formation energies109, 110 (see Figs. 3.5 and 3.6).  

 

 

Fig. 3.5. Adsorption energy landscapes for Ti and N adatoms on TiN(001) terraces as 
determined with MEAM energy minimization calculations. Adatoms are placed in their 
most stable adsorption position. Surface atoms are shown in silver (Ti) and black (N). 
Adatoms are shown in red (Ti) and yellow (N). 

 

 

Fig. 3.6. Adsorption energy landscape for Ti adatom on a TiN(001) square island with 
<100> oriented edges on TiN(001) as determined with MEAM energy minimization 
calculations. The Ehrlich barrier is visible at the island boundaries. 
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Since these calculations are performed at 0 K, the results obtained are 
only indicative of the real energy barriers and pathways. Other static methods, 
such as nudged elastic band (NEB), can provide more accurate estimations of 
minimum energy paths and diffusion barriers. 

3.3.2 Nudged	  elastic	  band	  (NEB)	  method	  

The nudged elastic band (NEB) method111-113 is used to determine 
minimum energy paths (MEP) between two chosen system configurations. 
These configurations, also known as the initial and the final images of the 
MEP, are usually chosen to correspond to (meta)stable states of the system. 
The NEB iterations start form a guessed path χ, and stop when 
χ has converged to the MEP. This procedure is based on the optimization of 
intermediate images, constrained to remain equally spaced along χ by so-
called artificial springs, which are relaxed along the potential energy gradient 
orthogonal to χ. The NEB method is particularly useful to estimate energy 
barriers for transitions involving the motion of many particles.42, 113, 114  

In my work, the NEB method has been used to calculate the energy 
barriers for the descent, via direct hopping and push-out exchange,115 of Ti and 
N adatoms  from TiN(001) islands. The same technique was used to estimate 
the energy barriers for adatoms migration around square TiN(001) island 
corners,  diffusion on terraces and along island edges. 
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4 TRANSITION	  METAL	  NITRIDES	  (TMN)	  

Most TMN possess a cubic NaCl structure, which consists in two 
interpenetrated metal and nitrogen fcc sublattices, so that each N(metal) atom 
is octahedrally coordinated to 6 nearest neighbor metal(N) atoms.  

Coatings of these materials are widely applied in industry to protect 
cutting tools or engine components. Among TMN, TiN is by far the most 
studied and characterized material.116-119 

4.1 Ceramic	  protective	  coatings	  

Due to their excellent properties, such as high hardness, resistance to 
heat, corrosion, erosion, and wear, high melting points and chemical inertness, 
ceramic thin film coatings are widely used to improve the performance and 
enhance lifetime of tools and components, used in energy, electronic, 
automotive, aeronautical, and machining applications. Among the various 
technological applications of ceramic protective layers, TMN coatings are 
commonly deposited on cutting tools and engine components. During the past 
two decades enormous efforts have been dedicated to enhancing their hardness 
to reduce the costs due to wear (Fig. 4.1). 

 

 

Fig. 4.1. Typical examples of applications using ceramic protective coatings. 
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4.2 The	  brittleness	  problem	  

 Protective coatings no longer fulfill their function if they crack. 
Coatings possessing high hardness alone are subject to fracture when tools or 
components are exposed to harsh working conditions, since high hardness is 
typically accompanied by brittleness (see Fig. 4.2). Moreover, the overall cost 
of thin film cracking during use is larger than during deposition or 
manufacturing, in particular for applications where catastrophic brittle failure 
can occur.120 

Flaws in coatings develop during their deposition and while they are in 
use. Once formed, micro-cracks grow easily in ceramics, due to the inherent 
low mobility of dislocations in these materials. This fact rapidly leads to 
material fracture.121, 122 Hence, good protective coatings require not only high 
hardness but also enhanced ductility (reduced brittleness). Generally, in 
materials, ductility translates into higher slip systems activities/mobilities, 
which hinder crack propagation by dissipating the mechanical stress 
accumulated at the tips of existing cracks by plastic flow.123 The combination 
of high strength/hardness and increased ductility/plasticity equates to 
enhanced toughness. 

 

 
Fig. 4.2. Ceramic coatings are hard but brittle.   
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4.3 Enhanced	  toughness	  in	  TMN	  alloys	  

Toughness is the ability of a material to plastically deform under stress 
without breaking. For engineering applications, toughness is referred to as the 
amount of mechanical energy that a material can absorb up to rupture. Thus, 
toughness encompasses the energy required to nucleate cracks and to 
propagate them up to fracture (fracture toughness). Studies on the mechanisms 
leading to fracture in bulk materials were started by Griffith in the beginning 
of the 20th century. Griffith developed a criterion from which it is possible to 
establish the conditions for fracture in brittle solids.124 Later, Irwin and 
coworkers extended Griffith’s theory to account for the energy dissipation 
occurring via plastic deformations in ductile materials.125 

Presently, a significant number of techniques/criteria are available to 
reliably assess and improve toughness and fracture toughness in bulk 
materials.126 In thin films, however, the mechanisms leading to crack 
formation and propagation are different than in their bulk counterparts.21, 127 
This fact severely complicates the challenging task of establishing standard 
procedures to experimentally quantify toughness in thin film coatings.21  

The methodologies used to enhance ductility/toughness in coatings, 
especially in the widely used TMN thin films, lag significantly behind those 
used in bulk materials, even though tremendous success has been achieved in   
TMN coatings hardness enhancement.  Largely, this entire situation is due to a 
limited understanding of the electronic origins and mechanisms of 
brittleness/ductility in ceramic materials. 

The problem of enhanced ductility in TMN is the main objective of this 
Thesis. The next chapter describes the progress achieved in my work towards 
a fundamental understanding of electronic origins of ductility and toughness in 
TMN compounds and alloys. 
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5 ELECTRONIC	  ORIGIN	  OF	  DUCTILITY	  AND	  TOUGHNESS	  IN	  CUBIC	  
TMN	  ALLOYS	  

5.1 Empirical	  criteria	  to	  identify	  ductile	  alloys	  

Alloying TMN compounds is a common strategy typically used to 
increase hardness or tune various material physical and chemical properties. 
TiAlN alloys, for instance, possess higher hardness and oxidation resistance 
than the parent binary TiN.128 Based on this approach, I initially performed 
elastic constants calculations on several ternary and quarternary TMN alloys, 
to identify the candidate metal elements which, used as substitutes for Ti, V, 
or Al atoms in TiN, VN, and TiAlN, would improve ductility. 

Two empirical criteria were employed to predict ductility in TMN 
alloys. These criteria, established by Pettifor129 and Pugh,130 are proven to 
reliably assess brittle/ductile trends in various classes of cubic materials.131 
Both criteria are based on estimations of the elastic constants and moduli for 
the respective material, and these can be easily determined with DFT 
calculations (see section 2.4.1).83 According to these criteria, ductile materials 
should have positive Cauchy pressures (C12 - C44 > 0) values, and shear to bulk 
moduli ratios lower than 0.5 (G/B < 0.5).  

5.1.1 Interpretation	  of	  elastic	  constants	  values	  

Before presenting the theoretical predictions obtained from ductility 
criteria, it is useful to summarize the information that C11, C12, and C44 elastic 
constants, and B, G, and E elastic moduli can provide about cubic material 
mechanical properties.  

The bulk modulus B quantifies the resistance of materials to isotropic 
compressions. In other words, B values are proportional to the second 
derivative of the total energy to volume: 

B!
"2ETOT
"V 2 .                                               (5.1) 

In TMN, B increases with the density of electrons per unit volume.80, 132  

The C11 elastic constant quantifies the resistance to uniaxial strain. 
Hence, in TMN, C11 is related to the strength/stiffness of metal-N bonds. The 
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difference (C11 - C12) is fitted to the total energy versus strain data points 
obtained by applying tetragonal deformations to the supercell. Tetragonal 
deformations entail: the tensile strain of the cubic unit cell along one of the 
<100> directions, and the compression of the crystal lattice along the other 
two <100> directions. For cubic materials, which are mechanically stable 
against tetragonal deformations, C11 is always larger than C12. This means that, 
while C11 is connected to the resistance to uniaxial tension, C12 quantifies the 
capability to shrink along the directions orthogonal to the applied stress, and 
hence its ability to reduce the internal stress during tensile deformations.  

The C44 elastic constant essentially quantifies the resistance of materials 
to shearing. Low C44 values indicate that the material is compliant to changes 
in shape to reduce the internal stresses induced by shearing. In other words, 
the lower the C44 value of a material, the more ductile the material is expected 
to be. The shear modulus G is calculated using C11, C12 and C44. It quantifies 
the resistance of a material to shearing. It has also been shown that C44 and G 
are typically connected to the hardness of thin films.28, 133 For this reason, 
hardness is sometimes referred to as a measure of the material’s resistance to 
change of shape. 

Finally, the Young’s modulus E, or the elastic modulus as it is commonly 
referred to, is a measure of the elastic stiffness of the material.79 In 
experiments, E can be determined directly from indentation measurements, so 
the comparison of measured with calculated E can be used to check whether 
the simulation realistically models the film nanostructure. 

5.1.2 	  Valence	   electron	   concentration	   (VEC)	   effects	   on	   ductility	  
trends	  

The calculated G/B ratios for the TMN in this work exhibit a nearly 
linear dependence on (C12 – C44) Cauchy pressures (see Fig. 5.1).80 The two 
ductility criteria used herein concur and demonstrate a well known fact, 
namely that TiN and TiAlN, which are commonly used in protective coatings, 
are brittle materials. Importantly, however, a significant number of the 
candidate ternary alloys, more specifically those in which Ta, Mo and W 
substitute 50% of the Ti and/or V atoms, are predicted to be ductile.  
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Fig. 5.1. TMN compounds and alloys, grouped as brittle and ductile, according to the 
Pettifor and Pugh criteria. 

 

In addition, the Pugh and Pettifor criteria also indicate that in TMN alloys, the 
ductility increases with the valence electron concentration (VEC) of these 
compounds (see Fig. 5.2).80 Both the G/B ratios (Fig. 5.2a), and Cauchy 
pressures (Fig. 5.2b), exhibit a monotonic dependence on VEC. 

  

 

Fig. 5.2. Ductility trends versus VEC. (a) G/B ratio, and (b) Cauchy pressure dependence 
on VEC. 
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5.2 Toughness:	  the	  electronic	  mechanism	  

Toughness enhancement in TMN can be obtained by optimizing the 
electron occupancy of metallic d-t2g bonding states. These electronic states lie 
close to the Fermi level and are sensitive to shear deformations.28, 83 COOP 
results also show that d-t2g bonding states are not significantly populated in 
TiN, VN,80 and TiAlN.81 In the alloying process, Ti, V, and Al atoms are 
substituted by transition metals with more electrons per unit cell, such as Mo 
and/or W, and this leads to increased occupancy of the bonding states.80, 83 The 
overall effect is that the alloyed compound is more compliant to shearing, 
while retaining the high strength of metal-N bonds specific to the parent 
binaries (TiN and VN). This, in turn, enables a selective mechanical response 
to applied stresses: the material responds in hard manner to 
tensile/compressive stresses and in a ductile manner to shearing.83 The 
increased VEC in these compounds, which is an electronic effect, promotes 
the activation of slip systems specific to B1-NaCl materials, and thus explains 
the enhanced ductility of these compounds.80 

5.2.1 The	  effect	  of	  shear	  deformations	  

In general, shear deformations act upon the metal-N bonds so that these 
no longer form optimal 90° angles (compare Figs. 5.3(a) and 5.3(b)).80 This 
process of bending the metal-N bonds, however, also leads to increased 
overlapping of the metal-metal d-t2g orbitals (compare Figs. 5.3(c) and 5.3(d)), 
which in turn affects the interaction of the wavefunctions representing the 
combination of these orbitals, such that the structure is stabilized against shear 
distortions. 

The signature of this effect is the formation, upon shearing, of a layered 
electronic structure, perpendicular to the direction of the applied stress as 
shown for Ti0.5W0.5N and V0.5W0.5N in Fig. 5.4.80 COOP results also 
demonstrate that shearing greatly enhances the strength of metal-metal bonds 
in VEC rich TMN alloys.80 This fact is also reflected by the lower shear 
resistance indicators: the calculated elastic constants and moduli (Ti0.5W0.5N 
C44 = 60 GPa, G = 151 GPa; and V0.5W0.5N C44 = 61 GPa, G = 141 GPa). TiN 
and VN parent binaries, instead, do not exhibit charge density layering upon 
shearing. 
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Fig. 5.3. Overlapping of metal-N and metal-metal orbitals in unstrained and shear-strained 
TMN. 

 

 

Fig. 5.4. Charge density of unstrained and shear-strained ordered TiWN and VWN. The 
optimized occupancy of d-t2g metallic states leads, upon shearing, to the formation of a 
layered charge distribution in ternaries. 
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The mainly ionic character of their bonds, as demonstrated by charge transfer 
maps,80 explains why these two compounds are not compliant to shear 
deformations (calculated TiN C44 = 159 GPa, G = 200 GPa; and VN C44 = 139 
GPa, G = 191 GPa).80 

5.2.2 The	  effect	  of	  uniaxial	  strain	  

TMN with high VEC, such as Ti0.5W0.5N and V0.5W0.5N, are highly 
resistant to tensile and/or compressive strains. This can be understood by 
comparing the charge density maps of strained TiWN and TiN.83 While in TiN 
the tensile strain reduces the covalent character of metal-N bonds, this effect is 
significantly weaker in TiWN alloys. In addition, the calculated TiWN C11 
(720 GPa) is larger than that of TiN (640 GPa).83 Similarly, the calculated C11 
for VWN (690 GPa) is slightly larger than that of VN (680 GPa). These 
results also suggest that the high VEC TMN alloys can retain the high 
hardness of parent binaries.    

5.3 Slip	  systems	  activity	  versus	  crack	  formation	  

Charge transfer maps show that ordered TMN alloys with high VEC 
respond to applied shear stresses not only by forming strong metallic bonds 
oriented orthogonally to the strain direction, but also via plastic deformations 
due to the slip of 110{ }  planes along 110  directions. The latter is the overall 

effect of the combination of alternating weak/strong metal-N bonds along 
110!" #$ , and strong metallic-covalent bonds along 110!" #$ , which ultimately 

promotes dislocation glide at the interface between weakly bonded planes 
(Fig. 5.5). 
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Fig. 5.5. 110{ } 110  slip system activity in ordered high-VEC ternary TMN. 

 

5.4 Experimental	  validation	  of	  theoretical	  predictions	  

The theoretical predictions on toughness enhancement in VEC-rich TMN 
alloys have been experimentally validated for recently synthesized V0.5Mo0.5N 
thin films. Hanna Kindlund (Thin Film group at Linköping University) 
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deposited cubic single-crystal VMoN(001) thin films onto MgO(001) 
substrates (Fig. 5.6).89 

 

 

Fig. 5.6. Cross-sectional transmission electron microscopy (XTEM) micrographs of 
V0.5Mo0.5N(001)//MgO(001) thin films. 

 

The mechanical properties of these films have been assessed via 
nanoindentation tests and compared with that of TiN and VN reference 
binaries. A sharp cube corner tip has been used to penetrate the three films 
beyond their entire thickness (300 nm). Remarkably, while the brittle binary 
compounds systematically crack, the V0.5Mo0.5N alloys never exhibit the 
formation of cracks (Fig. 5.7). As demonstrated by the material pile-up in 
regions adjacent to the indented area, this material is able to release the 
internal stress by plastic flow. VMoN alloys are thus considerably more 
ductile than the reference binary compounds TiN and VN. Moreover, 
indentation tests carried out with a Berkovich wedge yield for VMoN alloys a 
hardness value 25% higher than that of the parent binary VN, and comparable 
to that of TiN. These results clearly demonstrate the enhanced toughness and 
hardness of VMoN alloys with optimized VEC, as predicted in the theoretical 
study. 
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Fig. 5.7. (a) Scanning electron microscopy (SEM) and (b) scanning probe microscopy 
(SPM) micrographs of nanoindented V0.5Mo0.5N//MgO(001). SEM images of nanoindented 
(c) VN//MgO(001), and (d) TiN//MgO(001). All films are 300 nm thick. The indentation 
depths are 400 nm. 

 

5.5 Future	  studies	  on	  TMN	  mechanical	  properties	  

At present I cooperate with colleagues at Linköping University, and the 
University of Illinois (USA) to investigate the effects of atomic ordering and 
lattice point-defects, such as vacancies, interstitials and anti-sites, on the 
mechanical properties of TMN compounds and alloys. Preliminary results 
indicate that the hardness/toughness ratio can be tailored by controlling both 
atomic ordering and the concentration of defects.  

In a parallel project the aim is to identify the primary slip systems 
responsible for plastic flow in ductile TMN. Previous experimental studies 
indicate that the 110{ } 110  slip system is the most commonly active in cubic 

TMN at room temperatures.2 For TiN whiskers, however, 111{ } 110  



 45 

dislocations were also observed.134 The fact that on both (001) and (111) 
VMoN film surfaces material pile-up surrounds the nanoindented region 
suggests that several slip systems are simultaneously active in ductile TMN 
alloys. 
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6 MD	  STUDIES	  OF	  GROWTH-‐RELATED	  PROCESSES	  ON	  TMN	  
SURFACES	  

6.1 Thin	  film	  deposition	  

Thin films are material layers, with a thickness ranging from 
nanometers to micrometers, deposited onto a substrate via a number of 
synthesis methods, including sputtering, which is a vapor deposition 
technique.135 In sputtering, collisions in the plasma inside the deposition 
chamber generate highly energetic ionized particles, which are attracted by a 
negatively charged so-called target. This is the source of the to-be-deposited 
material. As a result of the constant target bombardment, primarily ions, but 
also atoms and molecular complexes, are ejected from the target surface. 
These are the gaseous precursors of the deposition, which are directed towards 
the positively charged substrate, where they arrive as vapors, and upon contact 
with the substrate surface, condense, are adsorbed and initiate the thin film 
growth process (Fig. 6.1). Often, the precursor vapors contain a reactive gas. 
In TiN growth, for instance, one uses Ti metallic targets and N. 

 

 

Fig. 6.1. Schematic illustration of the typical sputtering deposition scenario.  
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6.1.1 Film	  microstructure	  

In thin film growth, substrates act as the seed crystal, hence, when the 
stacking sequence in the film along the growth direction follows that of the 
substrate, one says that thin film growth is epitaxial. For example, in the case 
of TiN(001) epitaxial layers grown on MgO(001) substrates, metal and non-
metal atoms alternate along the [001] direction in both thin film layers and 
substrate.  

Epitaxial growth is, in principle, favored by the fact that on any surface, 
diffusing adatoms spend longer times in positions with minimum potential 
energy. At the same time, when adatoms meet and form islands, nucleation 
favors cluster configurations minimizing the interfacial energy with the 
underlying layer. This means that, generally, the packing of atoms on outer 
layers largely depends on the symmetry of layers underneath.118 In real 
depositions, however, many other factors determine whether films grow 
epitaxially, and consequently their crystallinity. Polycrystalline films, i.e. thin 
films containing differently oriented grains, are usually obtained on substrates 
with low surface symmetries, and/or by varying the deposition parameters.118, 

136, 137 For TMN is has been reported that by adjusting deposition parameters 
such as, for instance, precursors fluxes,138 and/or N2 partial pressures,110 it is 
possible to tune the growth modes to obtain TMN films with different 
microstructures and properties.139 

6.1.2 CMD	  to	  detail	  thin	  film	  growth	  

 In experiments, it is a common procedure to tune deposition parameters 
using a trial-and-error approach to determine the optimal conditions required 
to obtain films with desired microstructures/properties. This situation is 
primarily due to the limited knowledge of the dynamics of atomic-scale mass 
transport, and their effect on nucleation and growth mechanisms, all of which 
greatly affect thin films microstructure evolution. Indeed, even the most 
advanced experimental techniques, such as low energy electron microscopy 
(LEEM),140, 141 and scanning tunneling microscopy (STM),109, 142, 143 cannot 
resolve the typical picosecond timescales on which these phenomena occur.  
Computer simulations, and chiefly MD simulations, constitute the single 
deterministic tool capable of achieving this resolution. The use of CMD yields 
the details, at an atomic level, of critical intralayer mass transport processes 
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such as diffusion kinetics and pathways, clusters nucleation and 
coalescence,143-145 as well as interlayer mass transport, for example adatoms 
incorporation at terrace steps13, 115 all of which affect growth modes. 

6.2 TiN(001)	  as	  a	  model	  system	  

Among TMN hard coatings, TiN is by far the most widely characterized.  
In addition to well-determined TiN bulk structural, mechanical, and physical 
properties, various experimental techniques have been used to study 
nucleation,110, 146 growth,147, 148 and surface morphological evolution118, 149 on 
TiN surfaces. The large amount of information available for TiN thus allows 
the comparison of results obtained in CMD simulations with experimental 
data. Based on this, the interaction potentials used in CMD can be 
systematically improved to reliably account for TiN structural properties, and 
confidently study processes such diffusion on surfaces, cluster nucleation, and 
surface morphological evolution. 

For several decades now, TiN served as a model system, and represented 
the starting point, in the quest for TMN coatings with improved properties. 
TiAlN is one of the chief examples in this sense.150 In this work, TiN is also 
used as a model system in the study of the dynamics of atomic-scale transport 
growth related processes. Given the structural/chemical similarities of TMN in 
general, the results presented herein for TiN thus relate to most other TMN 
surfaces. 

6.2.1 The	  TiN(001)	  surface	  

On TiN(001) surfaces, N and Ti atoms are arranged on square unit cells,  
in which each Ti(N) atom is four-fold coordinated to N(Ti) atoms, placed at a 
nearest-neighbor distance dNN, which at room temperature, is equal to the bulk 
interatomic distance of 2.12 Å.2, 151 Due to the thermal expansion the average 
dNN value linearly increases with temperature.61, 103, 152 

On any surface, atoms in the top layer are under-coordinated compared to 
atoms in the bulk phase. As a result, surface atoms may reorganize on new 
patterns/symmetries in order to minimize the surface energy. This 
phenomenon is called surface reconstruction.153-155  

Transition metal nitrides and carbides typically minimize their surface 
energy via surface relaxation.73, 156-158 More precisely, atoms in the top surface 
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layer relax inwards in order to stabilize the system. Consequently, the average 
distance between the first two layers in TiN(001) is lower than the bulk 
interlayer distance, dNN. The Ti and N atoms in the top surface layer, however, 
relax along opposite verses relatively to the average top layer [001] 
coordinate: N atoms relax outwards while Ti atoms inwards103 (see Fig. 6.2).  

 

Fig. 6.2. Side-view of the TiN(001) surface relaxation. Top layer N (Ti) atoms relax 
outwards (inwards). 

 

6.2.2 Adspecies	  adsorption	  on	  TiN(001)	  

During thin film deposition, when atoms/ions/molecules in the vapor 
phase meet the substrate, they are adsorbed on its surface. However, even in 
the case of homoepitaxial growth, the most stable position of an adsorbed 
single adatom is not necessarily on an epitaxial site. At the same time, when 
adatoms of different atomic species get close enough to bond and form small 
admolecules/clusters, eg. dimers, trimers, tetramers etc, the most stable 
position of the newly formed cluster will differ from case to case. If the 
nucleated cluster has the same stoichiometry as the underlying layer, its atoms 
will likely reside at epitaxial sites. 

On TiN(001) terraces, both Ti and N adatoms have their most stable 
position in four-fold hollow sites, as predicted in DFT38, 103, 159 and MEAM103 
static calculations, and demonstrated in CMD103 and QMD160 runs at growth  
temperatures. For TiN dimers, the most stable configuration predicted in DFT 
calculations is with both Ti and N dimer-atoms in epitaxial sites.38 CMD 
simulations carried out at 1000 K, however, show that the most stable 
configuration of TiN dimers on TiN(001) is with N dimer-atoms in epitaxial 
positions and Ti dimer-atoms in  adjacent four-fold hollow sites. The overall 
orientation of the admolecule is thus along in-plane  <110> directions. This 
also means that the equilibrium Ti-N bond length in dimers is shorter than 
dNN. During diffusion events, however, the atoms of the TiN dimers briefly 
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occupy epitaxial positions, i.e. the Ti-N bond is temporarily stretched to equal 
dNN. 

DFT and MEAM also disagree with respect to the most stable 
configuration of TiN2 trimers on TiN(001) terraces. As for dimers, DFT 
predicts that all TiN2 trimer-atoms reside at epitaxial sites, such that the Ti 
trimer-atom occupies the central admolecule position, and the two Ti-N trimer 
bonds form a 90° angle.38 Yet, CMD simulations carried at 1000 K show that 
the most stable trimer configuration is linear and diagonally oriented across 
the surface unit cell: the two N trimer-atoms occupy epitaxial sites, and the Ti 
trimer-atom resides in a terrace four-fold hollow site. The equilibrium Ti-N 
bond length in TiN2 trimers is dNN/ 2 . 

CMD simulations at 1000 K show that TiN3 tetramers spend most of the 
time in configurations in which the Ti tetramer-atom occupies an epitaxial 
site, and the three N tetramer-atoms also reside on epitaxial sites, thus forming 
a T-shaped tetramer. Frequently, one of the N tetramer-atoms moves into a 
neighboring four-fold hollow site, such that the tetramers become Y-shaped. 
TiN3 tetramers are observed to almost continuously interchange configurations 
between the T and Y shapes.103 

6.2.3 Adspecies	  diffusion	  on	  TiN(001)	  

In addition to substrate temperature, which generally assists diffusion via 
lattice vibrations, the mobility of adatoms on a terrace strongly depends on 
their interaction with the surface atoms underneath. This means that different 
atomic species have different migration barriers and pathways, as they move 
in different energy landscapes. 

The preferred diffusion pathway of N adatoms on TiN(001) is 
significantly different from that of Ti adatoms. Moreover, surface diffusion 
coefficients, as calculated using the Einstein’s relation, show that Ti adatoms 
are considerably more mobile than N adatoms on TiN(001) terraces at 1000 
K.103 Ti adatoms diffuse between four-fold hollow sites preferentially along 
<100> channels. There is also a considerably lower probability for migration 
via diagonal <110> channels atop terrace N atoms, or via double <100> 
jumps, as observed in experiments for metal atoms on simple metal 
surfaces.161 In contrast, N adatoms diffuse primarily along <110> channels, 
via metastable positions atop Ti terrace atoms.  
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TiNx admolecules exhibit complex diffusion mechanisms. These include 
concerted <110> translations and in-plane rotations for TiN dimers, TiN2 
trimers, and TiN3 tetramers, as well as in-plane roto-translations for TiN 
dimers.103 For all TiNx admolecules, the concerted translations events, 
including TiN dimer roto-translations, lead to net mass transport in all 
instances. TiNx rotations, however, yield significantly different contributions 
to net mobility in each case. Overall, for increasing x from 1 to 3, the 
frequency of TiNx concerted translation events decreases, while that of 
rotation events increases. Hence, at 1000 K, TiN dimers translate more often 
than TiN2 trimers, while TiN3 tetramers translations are very rare events.  

CMD simulations thus answer an important question concerning the 
primary diffusing TiNx species on TiN(001) terraces, all of which are essential 
precursors in TiN thin film growth.146 TiN2 trimers are found to be the most 
mobile admolecules on TiN(001) terraces, significantly more mobile than N 
adatoms. At the same time, TiN3 tetramers are found to be essentially 
stationary, and this represents a very important result: tetramers residing on 
epitaxial sites lead directly to island growth on TiN(001).103  

6.2.4 Adatoms	  diffusion	  on	  TiN(001)	  islands	  

The diffusivity rates of adspecies on surfaces are also affected by the in-
plane strain-state of surface layers. This situation is even more evident on 
islands, in which, typically, significant compressive strains are induced by the 
inward relaxation of edge atoms towards the island center.162 The shorter 
interatomic distance between neighboring island atoms affects diffusion 
energy barriers.162, 163 This effect can be estimated/quantified via static 
adsorption energy calculations of adatoms on islands and terraces. Fig. 6.3 
shows the adsorption energy profile for N adatoms, on a channel defined by a 
line passing on top of Ti atoms on a TiN(001) square island and terrace. From 
the figure, it can be seen that the barrier for diffusion of N adatoms on 
TiN(001) islands is smaller than on TiN(001) terraces. The effect is clearly 
more pronounced in the regions where the relaxation/strain is higher, i.e. close 
to island edges/corners, and for smaller clusters. An important consequence of 
the progressively lower diffusion barriers on islands is that adatoms may 
funnel towards the island edges,162, 164 process which can considerably speed 
up their descent on terraces. 
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Fig. 6.3. Adsorption energy profile of a N adatom on a TiN(001) island and terrace. 

 

Given the compressive in-plane strains present in TiN(001) islands, Ti 
adatoms funnel to rapidly reach island corners and edges. In contrast, N 
adatoms placed at the island center, slowly reach the island periphery. In other 
words, their mobility on square TiN(001) islands is only marginally higher 
than on TiN(001) terraces, and N adatoms are the least mobile adspecies on 
TiN(001) islands. Overall, the diffusion of Ti and N adatoms on square 
TiN(001) islands is clearly anisotropic, and consequently, one obtains 
different net mass transport rates along 100 , 110!" #$ , or 110!" #$  channels. 

6.2.5 Adatoms	  descent	  from	  TiN(001)	  islands	  

When adatoms and/or admolecules reach the edges of islands, they may 
descend onto the terrace. The intuitive picture of adatoms easily “falling off” 
from islands was proven incorrect when Ehrlich165 and Scwhoebel108 
demonstrated  the existence of a significant potential energy barrier at 
descending terrace steps, which limits the rate of direct hopping over island 
edges. At low deposition temperatures, adatoms and admolecules are unlikely 
to overcome these so-called Ehrlich barriers, and as more and more atoms 
from the vapor phase landing on islands cannot descend on terraces, 3-
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dimensional growth is promoted. Thus, Ehrlich barriers dramatically affect 
thin film growth modes, essentially for all materials (see Fig. 6.4).  

 

 

Fig. 6.4. The Ehrlich barrier for Ti adatoms, as evidenced in an adsorption energy profile103 
along a [100] channel on TiN(001) islands and terraces. 
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Ehrlich barriers vary greatly from adspecies to adspecies, and also depend 
on the actual position on island immediately prior to descent. This fact is 
demonstrated by the large differences in hopping rates recorded for adatoms162 
and admolecules,163 along island edges and respectively at corners.  

Direct hopping, however, is not the only possible pathway for descent on 
terraces. Using field-ion microscopy, Gert Ehrlich identified a new 
mechanism for adatoms incorporation in terraces. This is known as descent via 
push-out/exchange.13 The mechanism entails that an adatom moves 
downwards into a cluster and replaces an island atom, which in turn is pushed-
out on the terrace, into an epitaxial position adjacent to the island edge. CMD 
simulations offer unparalleled details of the dynamics of this particular 
descent pathway (see Fig. 6.5).33, 162, 166 

CMD simulations predict that Ti adatoms descent exclusively via push-
out/exchange with Ti atoms at TiN island edges/corners.162 If Ti adatoms 
reach the N corners of islands, the push-out/exchange events may involve two 
island atoms: one Ti edge-atom and one N corner-atom. This is a double push-
out event. Preliminary QMD results, however, show that Ti adatoms can also 
descend via direct hopping. When the descent of Ti adatoms occurs via 
hopping or single push-out/exchange, the final cluster configurations are 
equivalent, however, island reshaping is observed when the descent involves a 
double push-out event.162 N adatoms, on the other hand, can rapidly descend 
via either hopping or push-out/exchange with N-edge atoms. The rate of N 
adatoms incorporation at descending steps is, however, significantly limited 
by their low diffusivity on islands. 

6.2.6 Other	  relevant	  mass-‐transport	  processes	  related	  to	  islands	  

-‐	  Atomic	  ascent	  on	  islands	  

Occasionally, adatoms and/or admolecules residing on islands bond 
extremely strongly to atoms within the island, which ultimately are pulled-up 
on top of the island, and, in the process, vacant sites are created in the island. 
This phenomenon, known as ascending motion, has initially been observed for 
simple metals in experiments.167 On TiN(001) islands, this type of mass-
transport process has also been observed in my CMD simulations, and 
typically involves atoms close to island edges or corners.162, 163 Preliminary 
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QMD simulations also show that low-coordinated island edge/corner atoms 
are engaged in this process. 

-‐	  Diffusion	  along	  islands	  perimeter	  

Due to a higher atomic coordination, adatoms near the island edges are 
trapped in a deep potential energy minimum. This corresponds to the 
minimum energy required to detach an adatom from the cluster edge, and is 
called the formation energy.109, 110 In Fig. 6.3 one can see that the formation 
energy of N adatoms trapped near TiN(001) islands is approximately 2.0 eV, 
i.e significantly higher than the barrier for diffusion on terraces (1.1 eV).  
Consequently, once incorporated at an island edge, adatoms are unlikely to 
escape back onto the terrace. This is the mechanism through which itinerant 
adatoms are “captured” by the larger islands and which fuels in-layer island 
growth. 

Migration around the islands corners is also an important diffusion 
process, as it relates to the morphological evolution of islands during thin film 
growth. CMD simulations carried out at 1000 K, as well as NEB calculations, 
demonstrate that Ti adatoms migrate around the Ti corner-atoms of islands via 
concerted substitution (Fig. 6.6). Overall, this leads to net mass-transport 
around the island corner. The analogous process for N adatoms in the vicinity 
of N corner-atoms is also predicted to occur, based on NEB estimations.162 

The situation is somewhat different when Ti adatoms are situated near 
the N corner-atoms of the islands, and vice versa. In this case, CMD 
simulations show that diffusion around the islands corners occurs even more 
frequently, and that the process entails the direct migration around the island 
corner, via the four-fold hollow site next to the corner-atom, of the respective 
adatom.  

In spite of relative low diffusion barriers for migration around island 
corners, Ti and N adatoms are never observed to diffuse along island edges. 
NEB calculations demonstrate the existence of extremely high energy barriers 
for this type of migration.  

-‐	  Consequences	  on	  island	  morphological	  evolution	  

The morphological evolution of islands during growth is largely affected 
by the energy barriers for diffusion of adatoms along island edges and around   
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island corners.168 High barriers for diffusion along island edges and at corners 
lead to local piling up of adatoms, and ultimately to the formation of islands 
with fractal/dendritic shapes.149, 169 An increased substrate temperature, 
however, may promote the atomic redistribution along the island periphery, 
thus leading to more compact cluster morphologies.146 

On simple metal surfaces, the formation of islands with fractal shapes is 
usually attributed to the high barrier for diffusion around corners, which limits 
the redistribution of atoms along clusters edges.168 In contrast, for TiN(001) 
growth, the results herein demonstrate that the formation of dendritic islands  
is rather an effect of the low diffusivity of adatoms along island edges.146 This 
demonstrates the necessity to fully understand atomic-level mass transport on 
compound surfaces, case in which morphological evolution may be driven by 
totally different forces, as compared to simple metal surfaces.43 

6.3 Related	  and	  future	  studies	  

CMD simulations have also been used to study the dynamics of TiNx 
admolecules on TiN(001) islands.163 The results reveal that the mobility of 
TiN dimers and TiN2 trimers is greatly increased on islands, and that these 
adspecies are incorporated at descending steps even more rapidly than Ti 
adatoms, and thus play a key role in promoting layer-by-layer growth. The 
following step is to perform CMD simulations and identify the critical 
mechanisms responsible for the nucleation and growth of TiN surfaces with 
different orientations.  

Nevertheless, the final goal of CMD simulations should be to fully use 
their large-scale capabilities and simulate, as closely as possible, thin film 
deposition experiments. Currently, several test runs have been carried out to 
simulate homoepitaxial TiN(001) growth. The aim is to observe the effects on 
surface morphological evolution of varying the substrate temperature, 
precursors fluxes, flux energies and orientation (Fig. 6.7, snapshots from 
CMD movies).  
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Fig. 6.5. Snapshot from CMD movies detailing the descent of Ti adatom via push-
out/exchange. The Ti adatom (red) replaces a Ti island edge atom (blue), which is pushed-
out on the terrace. 

 

 

Fig. 6.6. Snapshots from CMD movies illustrating a concerted substitution event at the 
island corner. The Ti adatom (red) adjacent to the [100]-edge of the island replaces the Ti 
corner-atom of the island  (blue), which is pushed into an epitaxial position adjacent to the 
[010]-edge of the island. 

 

 

Fig. 6.7. CMD simulations snapshots of TiN(001) homoepitaxial growth. Ti atoms are in 
red and silver, N atoms in yellow and black. 
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The CMD growth simulation tests reveal interesting phenomena which 
may occur during TiN(001) thin film deposition. Below I list two important 
observations made in these tests: 

(a) Complex TixNy admolecules, with x and y depending on the local 
distribution of N/Ti adatoms are formed on TiN(001) surfaces. Despite their 
large size, some of these adspecies have surprisingly high mobilities and may 
greatly affect net mass-transport rates on TiN(001) .  

(b) The variation in N2 partial pressure is largely responsible for the 
morphological evolutions of islands. While similar Ti/N flux ratios are seen to 
promote the formation of <100> faceted islands, high N fluxes favor the 
formation of N-terminated <110> faceted islands.  
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7 CONTRIBUTION	  TO	  THE	  FIELD	  AND	  FUTURE	  CHALLENGE	  

By combining first-principles calculations and CMD simulations it is in 
principle possible to obtain a complete overview of the factors which govern 
thin films growth, and ultimately, are responsible for their properties. While 
MD simulations clarify the role of atomistic processes determining the final 
film microstructure, ab-initio calculations provide detailed information of 
electronic structures and mechanisms which affect material properties. 

The largest part of this theoretical research, dedicated to the study of the 
properties of TMN thin films, aims to solve the problem of brittleness in TMN 
ceramics. Combined theoretical predictions and experimental measurements 
show that it is possible to synthesize TMN alloys with high hardness/strength 
as well as superior ductility. The major novelty revealed in this study, 
demonstrated by the mechanical properties of as-deposited cubic-VMoN thin 
films,89 is that enhanced toughness in ceramic protective coatings can be 
obtained not only by engineering multilayers and nano-composite 
structures,170, 171 but also as an inherent physical property of single-crystal 
solid solutions designed with suitable electronic structures.  

Due to the complex mixture of ionic and covalent bonding in TMN alloys, 
modeling of surface phenomena for these compounds is a complicated task. 
The second original contribution of this Thesis consists in the description of 
important surface processes and properties which dictate the growth mode and 
surface structural evolution on TiN(001),103, 160, 162, 163 here used as model 
system to understand growth on TMN surfaces in general. This research is at 
its initial stage. The aim is to continue in two parallel computational studies, 
with the first focusing on understanding the diffusion of single adspecies and 
their incorporation at terrace steps on germane TiN surfaces, and the second 
dedicated to obtaining general information on the effects of precursors fluxes, 
kinetic energies, and directions on the morphological evolution of TiN 
surfaces, as a function of the deposition temperature. 

The results presented herein illustrate the power of theoretical 
predictions/investigations and their role as a guide to experiments. Present day 
increased availability of computational tools and resources allows materials 
scientists to substitute the use of empirical criteria, often adopted in the 
laboratory, with progressively more accurate atomistic or electronic 
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information, which can be used to design and synthesize materials with 
specific properties. 

One of the important unanswered questions in this research, which may be 
addressed combining both empirical and ab-initio computational techniques, 
concerns the effects of atomic ordering in single crystal pseudo-binary TMN 
alloys. Atomic ordering in thin films is important for various technological 
applications. Moreover, the initial predictions of toughness enhancements 
were attributed to a high degree of ordering on the metallic sublattice used to 
model TMN alloys,80, 81, 83 which however, is not easily achieved in real 
deposition situations.  

Nevertheless, cubic-VMoN(001) layers exhibit high hardness and 
considerably improved ductility, compared to reference brittle TiN(001) and 
VN(001) samples,89 even though ordering is not present in these films. To 
model the atomic arrangement of the as-deposited films, I modified the special 
quasirandom structure (SQS) method,172 which provides low short-range 
lattice ordering, to more closely mimic thin film growth. In my model, the 
randomization is carried out independently on (001) atomic layers, and the 
metal-metal correlation is minimized on spherical neighboring circles on each 
layer (see Fig. 7.1). 

 

 

Fig. 7.1. Modeling of atomic disorder. 
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To synthesize TMN single-crystal thin films with ordered lattices173 is a 
difficult challenge. This is due to the limited knowledge of the factors that 
control the intra- and interlayer distribution of atoms during growth. With ab-
initio calculations it is possible to retrieve fundamental answers with respect 
to the energetic94, 174 and entropic175, 176 stability of different phases. In 
contrast, it is considerably more difficult to collect knowledge of mass 
transport kinetics on surfaces at growth temperatures, as this requires accurate 
evaluations of intralayer and interlayer diffusion barriers, a task not easily 
accomplished with first-principle calculations.72 The shortest route to these 
answers would probably be to first parameterize empirical potentials, fitted to 
model TMN alloy properties, and then to perform CMD simulations of thin 
film deposition. Based on the results obtained for the thermodynamic and 
kinetic properties, which ultimately control the film microstructural evolution, 
it should be possible to determine optimal deposition conditions for the 
synthesis of ordered TMN crystals. 
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8 COMMENT	  ON	  PAPERS	  

Copyrights of papers I and V belong to the American Physical Society. 
Copyrights of papers II, III, and IV belong to Elsevier. Reprints of these 
papers are included with permission from the copyright holders. 

I 

In this paper we use DFT calculations of elastic properties and electronic 
structures to show that alloying TiN with MoN and WN leads to increased 
toughness. Charge density maps clarify that the enhanced toughness in TiWN 
and TiMoN alloys is due to the formation of a layered electronic structure, 
which enables a selective mechanical response to applied stresses: hard 
response to tensile or compressive stresses, and compliant response to 
shearing. 

Author’s contribution: I contributed to conceive and plan the study, 
performed the calculations, participated in the analysis and discussion of the 
results, and wrote the manuscript. 

II 

In this paper we extend the study exposed in Paper I to show with DFT 
calculations that toughness enhancements in TMN ternary alloys are due to an 
optimized occupation of shear-sensitive metallic electronic-states. Moreover, 
in ordered ternary alloys, this also results in an increased activity of slip 
systems.  

Author’s contribution: I contributed to conceive and plan the study, 
performed the calculations, participated in the analysis and discussion of the 
results, and wrote the manuscript. 

III  

In this paper we combine experiments and DFT calculations to show that 
quarternary TiAlWN alloys can be synthesized in the cubic-B1 structure, and 
that W additions maintain/increase the hardness/elasticity of TiAlN alloys. 

Author’s contribution: I performed the calculations, analyzed the theoretical 
results, and wrote the theoretical section of the manuscript. 
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IV 

In this paper we extend the theoretical part of the study reported in Paper III to 
show that toughness can be enhanced in TiAlN-based quarternary alloys by 
increasing the valence electron concentration. 

Author’s contribution: I contributed to conceive and plan the study, 
performed the calculations, participated in the analysis and discussion of the 
results, and wrote the manuscript. 

V 

In this paper we use CMD simulations to study diffusion kinetics and 
pathways of Ti and N adatoms, as well as TiNx (x=1–3) admolecules on 
TiN(001) surfaces at 1000 K. The results show that Ti adatoms are the most 
mobile species, directly followed by TiN2 trimers. In contrast, TiN3 tetramers 
are essentially stationary, and thus constitute the critical nuclei for three-
dimensional growth. 

Author’s contribution: I contributed to conceive and plan the study, 
performed the calculations, participated in the analysis and discussion of the 
results, and wrote the manuscript. 

VI 

In this paper we combine experiments and theory to demonstrate that 
enhanced toughness can be achieved in ternary TMN alloys regardless of the 
degree of atomic ordering on the metal sublattice. 

Author’s contribution: I conceived the theoretical part of the study, 
performed the calculations, participated in the analysis and discussion of the 
results, and wrote the theoretical section of the manuscript. 
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VII 

In this paper we use CMD simulations to study Ti and N adatoms diffusion 
and descents from TiN(001) islands at 1000 K. While on islands both adatoms 
exhibit higher mobilities than on TiN(001) terraces, Ti adatoms are 
considerably faster than N adatoms in reaching the island periphery. These 
adatoms are seen to exclusively descend via push-out/exchange mechanisms. 
N adatoms, on the contrary, may descend via either push-out/exchange or 
direct hopping onto TiN(001) terraces. Moreover, on TiN(001) square islands, 
both adspecies exhibit preferential directions for diffusion and lead to 
anisotropic mass transport.  

Author’s contribution: I contributed to conceive and plan the study, 
performed part of the calculations, participated in the analysis and discussion 
of the results, and wrote the manuscript. 




