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Abstract
We present a brief review on the use of ionized and pulsed vapour fluxes, primarily
generated by high power impulse magnetron sputtering (HiPIMS) discharges, as
tools to gain atomistic understanding on film nucleation and growth.

Two case

studies are considered; the first case study concerns stress generation in
polycrystalline films. It is highlighted that by using vapour fluxes of well-controlled ion
content and ion energy and by studying the film microstructure and intrinsic stresses
one can obtain experimental evidence for stress generation by insertion of film
forming species in the grain boundaries. In the second case study it is discussed how
the use of pulsed vapour fluxes with well controlled time domain can facilitate
understanding of growth dynamics and microstructural evolution in thin films grown in
three-dimensional (i.e., Volmer-Weber) fashion. Broader implications of the described
research strategies for the surface science and surface engineering communities are
highlighted and discussed.
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1. Introduction
The majority of thin films is nowadays synthesized by vapour condensation on solid
surfaces [1,2]. During the synthesis process, relatively high arrival rates of film
forming species (typically of the order of 1013 cm-2s-1 or equivalently 10-2 MLs-1 and
above) and deposition at homologous temperatures (Ts/Tm) below 0.3 result in limited
atomic assembly kinetics [3]. The latter in combination with extremely high cooling
rates (~1013 Ks-1) encountered during the condensation of the vapour on the
substrate surface [4] lead to growth far from thermodynamic equilibrium which, in
turn, makes it possible to form metastable phases and microstructures with unique
attributes [3, 5, 6].

A significant part of thin film synthesis processes and the related applications involve
polycrystalline films, i.e. films that consist of crystallites (grains) with different
crystallographic orientations. The growth of polycrystalline films starts with the
formation of spatially separated single-crystalline islands (nucleation) which grow in
size (island growth) and impinge on each other forming new, larger islands
(coalescence). This process also leads to reduction of the island density on the
substrate surface. The coalescence process continues until the boundaries between
single-crystalline islands (i.e. grains) become immobile and coalescence cannot be
completed (formation of polycrystalline islands) which lead to the formation of a
continuous film [3]. The microstructural characteristics and evolution during these
growth stages are dictated by the effect of the synthesis conditions (in terms of
thermodynamics and kinetics) on the three fundamental structure forming
phenomena, namely nucleation, crystal growth and grain growth [7]. Understanding
how thermodynamics and, primarily, kinetics affect these phenomena on a
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fundamental level is of vital importance for design and synthesis of thin film materials
in a tailor-made fashion. The surface science and surface engineering communities
seek to achieve this understanding by combining in situ tools that allow for real-time
monitoring of deposition processes and film growth evolution, ex situ characterization
tools that provide microstructural information at the nanoscale and growth simulations
[2, 3, 8]. The characteristics of the vapour flux used for thin film synthesis are also an
important factor in the quest for an atomistic understanding of thin film growth. For
instance, vapour fluxes that partially or fully consist of ionized species can be used to
ion-irradiate the growing film in a controlled manner (by coupling those fluxes with
electric and/or magnetic fields to tune the energies and trajectories of the charged
particles) and, thus, trigger, enhance and reveal surface and subsurface processes
that control kinetically limited film microstructural evolution [3,9]. Another example is
pulsed vapour fluxes with well-controlled time domain that can be employed to
understand the dynamics of the film growth [10-14]. The present contribution is a
brief review of recent studies where pulsed and ionized vapour fluxes, primarily
generated by a plasma-based technique termed high power impulse magnetron
sputtering (HiPIMS), are used to contribute to the fundamental understanding of thin
film growth. The paper focuses on two case studies; (i) surface and sub-surface
processes that lead to generation of intrinsic stresses in polycrystalline films (section
3) and (ii) dynamics of microstructural evolution during three-dimensional thin film
growth (section 4). Prior to presenting the case studies mentioned above, a short
overview of different approaches to generate pulsed and ionized vapour fluxes is
presented (section 2). It should be brought to reader’s attention that parts of sections
3, 4 are built upon results presented in two recently published works by Magnfält et
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al. [15, 16] by putting these results in to a broader context as compared to the
original reports.

2. Strategies for generation of highly ionized and pulsed vapour fluxes
Generation of highly ionized fluxes can be achieved by glow discharges (plasmas)
that are characterized by high electron density and temperature [17]. These
discharge conditions are accessible by a variety of plasma-based physical vapour
deposition techniques, such as pulsed laser deposition (PLD) [18], filtered cathodic
arc (FCA) [19], inductively coupled plasma assisted discharged [20,21] or microwave
assisted magnetron sputtering discharges [22-25]. Magnetic coils in combination with
unbalanced magnetrons can also be used to tune the discharge gas ion flux for ion
assisted film growth [26]. Another approach that facilitates ion assisted growth is the
simultaneous use of neutral vapour fluxes generated by physical means and charged
fluxes generated by ion sources [27]. Well controlled energetic bombardment using
ionized fluxes has been utilized in an attempt to understand the fundamental
atomistic processes that determine, for instance, nucleation in epitaxial and
polycrystalline films [28-35], texture and microstructural evolution in transition metal
nitrides [9,36,37], phase formation in alumina [38-40], structure formation (i.e.,
bonding characteristics) in amorphous carbon [41], and growth evolution of metallic
films [42].

Vapour fluxes with a periodic temporal profile can be in practice created using a
continuous plasma source (e.g., a thermal evaporator) equipped with a rotating
mechanical shutter [43]. The time-dependent character of those fluxes has, in
conjunction with growth simulations, been used to understand and manipulate the
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dynamics of nucleation processes during epitaxy experiments and improve properties
of functional films [10, 43-45]. Alternatively, pulsed plasma sources, such as PLD,
can also generate pulsed vapour fluxes [11,46]. Again, the pulsed character of
deposition fluxes generated by PLD discharges has been used to control films
nucleation [47] and growth [48] as well as to understand the dynamics of island
coalescence and its effect of the film microstructural evolution during Volmer-Weber
film growth [11].

In 1999 Kouznetsov et al. [49], inspired by previous work in former USSR [50-52]
developed a sputtering based ionized physical vapour deposition technique, termed
high power impulse magnetron sputtering (HiPIMS). In HiPIMS power is applied to a
sputtering cathode in short (typically less than 150 µs), unipolar pulses of low duty
cycle (<10%) and frequency (up to few kHz). This mode of operation results in power
density values during the pulse on-time (termed peak power density) of the order of
several kWcm-2, which in turn yield plasma densities of the order of 10 19 particles/m3
and ionized fractions of up to 100% of the sputtered material [53-58]. In addition, by
navigating within the HiPIMS parameter space (e.g., by changing the peak target
power density) one is able to tune the ionization degree and the energy of the ionized
film forming species [53-58]. In the course of the past 15 years, the highly ionized
fluxes generated by HiPIMS have been used to grow dense and smooth films,
engineer their microstructure and the film-substrate interface and control their phase
composition and other functional properties [54, 55, 57]. Less work has been done on
utilizing the highly ionized fluxes for understanding film nucleation and growth on a
fundamental level with the exception of sporadic attempts to study structure formation
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in transition metal oxides [59], growth evolution in transition metal nitrides [60-63] and
microstructural evolution during epitaxial film growth [64].

At the same time, HiPIMS is a pulsed plasma-based process in which pulse width,
frequency and amplitude can be controlled independently, i.e., exhibits the potential
to generate pulsed fluxes with very well controlled time-domain [65,66]. This paper
reviews recent attempts to use pulsed and highly ionized vapour fluxes, primarily
generated by HiPIMS discharges, as tools to contribute to the understanding of
intrinsic stress generation in polycrystalline films (section 3) and the dynamics of
microstructural evolution during three-dimensional (Volmer-Weber) film growth
(section 4).

3. Surface and sub-surface processes leading to stress generation in
polycrystalline films deposited from the vapour phase
Stresses are a common feature in thin films and they are paramount to film
functionality, since they largely determine film adhesion on underlying substrates [6769]. Intrinsic stresses are generated when strain is imposed upon a thin film that is
constrained on a substrate [1]. Sources of strain (and thus of intrinsic stresses) are
volume changes induced by crystallization [70] or phase transformations [71, 72]. For
example, in Al2O3 films, transformation of the metastable -Al2O3 phase into the
thermodynamically stable -Al2O3 phase upon heating results in a reduction of the
molar volume by ~8% [71, 72]. The latter, in turn, gives rise to tensile stress
generation and crack formation [71, 72]. Other sources of stress/strain include
thermal stresses generated by differences in the thermal expansion coefficient
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between film and substrate [67,69] and coherency stresses generated at the filmsubstrate interface during local or large-scale heteroepitaxial growth [1].

Polycrystalline films grown from the vapour phase are subjected to the stress
mechanisms described above but often also exhibit growth-induced stresses that are
generated in the grains and in the grain boundaries [67,69]. Compressive stresses
are typically observed before film coalescence and it is widely agreed upon that they
originate from Laplace pressure leading to a smaller than bulk lattice spacing frozen
in during island growth [73, 74]. During the coalescence stage neighbouring grains
deform elastically to form grain boundaries as it is favourable to trade surface energy
for strain and grain boundary energy [75-84]. This process causes tensile stresses
(Fig.1) [75-84]. This stress state prevails after the completion of the island
coalescence in the continuous growth stage when films are deposited at relatively
low homologous temperatures, Ts/Tm (typically well below 0.2), that favour the
formation of columnar structures with underdense grain boundaries, i.e., porous grain
boundaries with mass density significantly smaller to that of the grains (see right
panel in Fig.1) [3]. Concurrent bombardment by energetic species (e.g. ions) causes
creation of point defects (e.g., interstitials and vacancies) that lead to out-of-plane
film lattice expansion and compressive stress generation [85-89]. Compressive
stresses generated in the grains and tensile stresses due to the grain boundary
shrinkage are independent and additive [85]. When deposition is performed at
relatively high Ts/Tm (typically above 0.2) adatoms have sufficient mobility for
formation of dense films to occur [3]. This is accompanied by generation of a
compressive growth stress after formation of a continuous film which relaxes on
deposition interruptions [67,80] as seen in the left panel in Fig.1. Using in situ
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monitoring of intrinsic stress evolution during and after deposition, growth simulations
and analytical models, a number of research groups [77, 78, 90-95] have attributed
compressive stress generation to diffusion of adatoms into grain boundaries. The
driving force for this diffusion has been suggested to be a chemical potential
difference between the surface of the growing film (which is supersaturated with
adatoms) and the grain boundaries (which are depleted from atoms) [77, 78, 95]. The
stress relaxation was then argued to be the effect of out-diffusion of atoms from grain
boundaries due to a reversal of the chemical potential difference when deposition is
interrupted [77, 78, 95]. Experimental studies have reported that the stress relaxation
upon interruption scales with the inverse grain size as predicted by the out-diffusion
model [96] but that the stress relaxation does not have the temperature dependence
predicted by a diffusion based relaxation process [97, 98]. Others have suggested
[81,99] that grain rotation coupled with grain boundary diffusion as a cause of the
stress relaxation. Alternative explanations for the compressive stress build up include
recovery of the Laplace pressure induced stress after coalescence completion [100]
and trapping of atoms between surface ledges [73], while stress relaxation has been
also attributed to surface flattening and grain growth [100]. It has also been
suggested that compressive stress build up and generation is due to changes in
surface stresses when adatom concentration is varied during growth [101-103].
However, it has been argued that stresses induced by these mechanisms are too
small to explain changes in stress magnitude observed experimentally [104].

One way to seek evidence for insertion of film forming species into grain boundaries
is by studying the film microstructure and attempt to correlate it with the intrinsic
stress evolution post-deposition. However, the post-deposition stress relaxation at
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high mobility (i.e., high Ts/Tm) (see left panel in Fig.1) makes a correlation between
stress and film microstructure a difficult task. Elimination or minimization of the stress
relaxation requires relatively low Ts/Tm values which result in underdense
microstructures with open grain boundaries that yield tensile stress. The only studies
available in the literature in which surface diffusion is active leading to compressive
stress generation and no relaxation on deposition interruption is observed concern
epitaxial growth of AlN epitaxial columns on Si (111) [105].

A way to circumnavigate the limitations described above and to establish the
relationships between film stress state and microstructure is to freeze the state of the
film at the completion of the deposition. Magnfält et al. [15] argued that this can be
achieved by employing growth conditions that facilitate sufficient atomic mobility on
the surface and in near-surface layers during deposition but result in negligible postdeposition surface and bulk mobility. Bulk and surface mobility can be suppressed by
depositing films at relatively low Ts/Tm values. Concurrent bombardment of the
growing surface by large fluxes of hyperthermal species that possess moderate
energies (several 10s up to ~100 eV), can affect the first atomic layers of the film and
trigger diffusion processes [3]. Using highly ionized energetic vapour fluxes
generated by a HiPIMS discharge Magnfält et al. [15] grew Mo films at ambient
temperature (Ts/Tm~0.13). The energy and the flux (amount) of ionized species were
controlled by changing the peak power density (PTpd) on the Mo sputtering cathode.
The effect of the energetic bombardment conditions on the intrinsic stress () and the
stress-free lattice parameter (a0) of the films measured using the sin2 method
adapted for textured layers is shown in Fig.2. There it is seen that  (left axis in Fig.2)
takes values from +0.2 to -3 GPa with increasing PTpd (i.e., larger energies and fluxes
9

of bombarding species). This behaviour is commonly observed in polycrystalline films
grown under bombardment by hyperthermal species. These species cause
generation of point defects which, in turn, leads to a hydrostatic strain field that
manifests itself as a larger than bulk stress free lattice parameter, a0 [85, 86, 89,
106]. However, despite the differences in the stress sign and magnitude, a0 is nearly
constant for the various PTpd values used for the film growth and only marginally
larger (0.12%) than the stress-free lattice parameter of bulk Mo [107] (horizontal
dashed line in Fig.2). The findings in Fig.2 are clear evidence that the differences in
stress sign and magnitude between the films cannot be attributed to changes in
defect concentration in the grains (that cause hydrostatic stress). Instead the film
stress is mainly biaxial. By correlating this with the evolution of the film mass density
and grain size Magnfält et al. [15] concluded that stresses are generated by grain
boundary densification. The latter is, in turn, caused by the energetic ionized species
that trigger diffusional incorporation of film forming species into grain boundaries [15],
analogous to what has been suggested by Chason et al. [78, 79] for films deposited
in the absence of energetic depositing species. Further evidence for correlation
between grain boundary densification and compressive stress generation at relatively
low Ts/Tm values can be found in the data reported by Koutsokeras and Abadias [94]
who combined in situ and ex situ techniques to study the contribution of grains and
grain boundaries to stress generation in ZrN films grown by magnetron sputtering. By
varying the working pressure during deposition the energy transferred from plasma
species to the growing film was altered. Grains and grain boundaries were found to
be in compressive stress state at conditions that corresponded to intense energetic
bombardment (i.e., relatively low working pressure) with grain boundaries exhibiting
density close to that of the grains. On the contrary, conditions that corresponded to
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less intense energetic bombardment (i.e., relatively high working pressure) grain
boundaries were found to be underdense and in tensile stress state. Analogous to
the additivity of compressive stresses generated by energetic bombardment induced
point defects in the grain bulk and tensile stresses generated in the grain boundaries
[85, 86], it can be expected that compressive stresses generated in grain boundaries
are additive with compressive stresses generated by point defects. However, this is
still lacking experimental verification.

4. Dynamics of microstructural evolution during Volmer-Weber thin film growth
Polycrystalline films with surface energy larger than that of the underlying substrate
tend to grow in the so-called Volmer-Weber mode (or 3-dimensional island mode) [1,
2] that makes the distinction between the different growth stages described in section
1 particularly pronounced. The island density achieved during the nucleation stage
and the dynamics of island growth and coalescence are decisive for the
microstructural evolution during growth and hence for film properties, such as
roughness, grain size, film thickness at percolation (i.e. when a metallic film conducts
over macroscopic distances) and thickness at which a continuous film is formed [1].
The steady-state island density, N, is determined by the kinetic conditions during
growth and in the case of deposition using a temporally continuous flux can be
expressed by the scaling relation [8]
𝜒

𝐹

𝑁 ∝ ( 𝐷𝑎𝑣 ) (1)
In Eq. (1)  is a scaling exponent which in the case of 3-dimensional nucleation is
calculated as [108]:
𝜒=

𝑖∗
𝑖 ∗ +2.5

(2)
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where i* is the critical nuclei size. For low temperature deposition i*=1, i.e. dimers are
the smallest stable nuclei and Eq. (2) yields a scaling exponent of ~0.286. The other
parameters in Eq. (1) are the time-average deposition flux (Fav) and the adatom
diffusivity (D). The latter depends exponentially on the growth temperature T and the
energy barrier for adatom surface diffusion, ED, through the expression [8]
𝐸

𝐷 ∝ exp (− 𝑘 𝐷𝑇) (3)
𝐵

where kB is the Boltzmann constant. From Eqs. (1) and (3) it becomes evident that
relatively small variations of T induce relatively large changes in N. This is in contrast
to Fav, which needs to be varied over many orders of magnitude to affect N to the
same degree, as depicted in Fig.3.

An additional kinetic handle to control the nucleation process can become available
by modulating a given time-averaged (Fav) deposition flux in pulses of well-defined
width (ton), frequency (f) and amplitude (Fp). The effect of flux modulation on
nucleation depends on the relation between the adatom lifetime (m) — i.e., the mean
time that an adatom needs to get incorporated into a stable island — and the time
scale of the deposition flux [10]. Jensen and Niemeyer have defined three time
scale/adatom diffusivity regimes [10] (Fig.4), namely:
(i) Slow diffusivity regime (m >> 1/f). In this regime the adatom density does not
vanish between the vapour pulses, in other words the substrate encounters a
continuous deposition flux and the island density scales according to Eq. (1).
(ii) Fast diffusivity regime (m << ton). In this regime adatom condensation, adatom
diffusion and island formation happen within a single vapour pulse which leads to an
effectively “continuous” flux with vapour arrival rate equal to Fp, i.e. in this case the
island density scales as
12

𝐹𝑝 0.286

𝑁 ∝ (𝐷)

. (4)

(iii) Intermediate diffusivity regime (ton <m < 1/f). In this regime the adatom diffusion
time is longer than the vapour pulse, i.e., during the pulse on-time there is not
enough time for diffusion to become the rate-limiting step for the nucleation density
[8] which in this case scales as
𝑁 ∝ (𝐹𝑝 𝑡𝑜𝑛 )

1⁄
2

. (5)

From the discussion presented above it becomes evident that nucleation can be
tailored in pulsed deposition processes by appropriate selection of flux time scales
(ton and f) and instantaneous deposition rate (Fp).

The nucleation is stage is followed by the island growth stage which leads to island
impingement and coalescence. The island impingement rate is determined by the
rate at which the islands grow which is, in turn, a function of the time-averaged
vapour flux. The rate of coalescence is a function of the island size, R, according to
the expression [109]
1
𝜏𝑐𝑜𝑎𝑙

𝐵

= 𝑅4 (6)

where B is a temperature and material dependent constant. Equation (6) implies that
the coalescence rate decreases with the size of the island, while impingement events
become more frequent the larger the islands become. As film growth proceeds there
is a point at which the two rates (impingement and coalescence) become equal, i.e.,
an island impinges onto a coalescing cluster before coalescence is completed [110,
111]. This leads to the formation of elongated features separated by voids. The film
thickness at which this happens is termed the elongation transition thickness (delong)
[110, 111] and it is, by convention, used to signify the onset of the transition towards
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a continuous film [110, 111]. It is in general difficult to determine delong experimentally
because it routinely lies in ranges that are not accessible by conventional analytical
techniques. Instead delong can be calculated from analytical models and growth
simulations. In case of film growth using continuous vapour fluxes both analytical
models and kinetic Monte-Carlo (KMC) simulations have shown that delong scales with
the average vapour flux Fav and the coalescence parameter B according to the
relation
1
𝐹𝑎𝑣 − ⁄3

𝑑𝑒𝑙𝑜𝑛𝑔 ∝ (

𝐵

)

(7)

When instead pulsed vapour fluxes are used Warrender and Aziz [11] have shown
that scaling exponents (cf. Eq. (7)) between 0 and -0.44 can be obtained depending
on the pulsing frequency and the surface diffusivity conditions using KMC
simulations. Warrender and Aziz [11] argued that the scaling regimes are result of the
interplay between the temporal profile of the deposition flux (i.e., pulsing frequency),
the adatom lifetime and the coalescence time and their effect on nucleation and
coalescence characteristics. They also found a good consistency between the delong
data obtained from KMC and percolation transition thickness determined using in situ
resistivity measurements during the growth of Ag films on SiO 2 substrates by pulsed
laser deposition (PLD) [11]. PLD processes generate a highly ionized deposition flux
with ion energies up to 300 eV [18]. These energetic ions affect both surface and
subsurface layers and thus film nucleation and coalescence [3, 15, 28, 29, 112]. The
broad ion energy distribution functions (IEDFs) make identification and understanding
of the atomistic mechanisms that along with the modulated vapour flux determine the
film microstructural evolution a non-trivial task. To improve this understanding,
sources that generate ionized vapour fluxes with relatively narrow IEDFs as well as
sources that generate pulsed vapour fluxes with well-controlled time domain are of
14

benefit. HiPIMS exhibits the potential to meet these requirements since it generates
ions with distribution functions in the range of 10s of eV if appropriate pulsing
parameters are used [53-58]. Using this type of fluxes Magnus et al. [60] have found
that nucleation and coalescence processes of TiN films grown on SiO2 can be
affected by a more intense energetic bombardment leading lower film resistivity as
compared to film grown by dc magnetron sputtering. Lattemann et al. [61] argued that
it is not only the bombardment by the energetic ions that affects the nucleation
process but also the high instantaneous rate during the vapour pulse which lead to
an increased supersaturation and high nucleation density. The latter in combination
with long times between the pulses allows for adatoms to diffuse towards low energy
sites giving rise to smooth and dense TiN (111) oriented films [61]. Moreover,
Mitschker et al. [66] have shown that HiPIMS can generate temporally modulated
fluxes while Magnfält et al. [16] have shown that the time-domain of Ag fluxes can be
controlled by the frequency of the power applied to the sputtering cathode. It was
also shown that by keeping the energy during the power pulse constant the temporal
profile of the flux can be varied without changing the Ag+ IEDFs, i.e. the effect of flux
modulation can be decoupled by that of energetic bombardment and instantaneous
deposition rate [16]. Using pulsed vapour fluxes generated by this methodology they
studied the effect of the flux time domain on thickness at which a continuous Ag film
is formed on SiO2 substrates by means of in situ spectroscopic ellipsometry and in
situ stress measurements [16]. The results (presented in Fig.5) are qualitatively
consistent with those reported by Warrender et al. [11]. Moreover, comparison with
films grown using a continuous flux (also presented in Fig.5) within the same average
growth rate range showed that they (i.e., films deposited using a continuous flux)
became continuous at larger thicknesses. Magnfält et al. [16] also estimated the Ag
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adatom lifetime and coalescence time and found both to lie within the time scale (i.e.
frequency) of the deposition flux which led them to the conclusion that both
processes (i.e. nucleation and coalescence) are likely to be affected by the
deposition flux modulation.

5. Summary and implications for surface science and engineering
In the present brief review we described how ionized and pulsed vapour fluxes can
be used to gain atomistic understanding on the fundamental processes that control
film nucleation and growth. Well controlled (with respect to their energy and ionization
faction) ionized vapour fluxes have been found to cause film (i.e., grain boundary)
densification and generation of biaxial compressive stresses in Mo films. Moreover,
the stress state is maintained after deposition interruption, in contrast to what is
observed in high-mobility metals. The correlation between film densification and
compressive stresses provides clear evidence that compressive stresses in Mo films
can be generated by diffusional insertion of film forming species into grain
boundaries. These data can be of relevance for explaining stress generation in lowmobility refractory films. They also imply that densification is achieved at the cost of
large compressive stress generation, a notion that can be used to tailor and/or
mitigate film stresses. The suggested mechanisms may also be of relevance for
shedding light on the densification of films when using highly ionized fluxes, as
commonly observed in thin films deposited using HiPIMS [53-55]. This will allow for
understanding why densification happens not only in terms of plasma conditions
[113] but also in terms of intrinsic material properties. Thus, appropriate synthesis
strategies for film densification can be designed in a knowledge-based manner.
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It was also shown that pulsed fluxes with well-controlled time domain can be used to
understand and control growth dynamics of Ag films deposited on SiO2 which is a
well-studied archetype system for Volmer-Weber growth. The well-controlled time
domain can also be used as input in and to benchmark growth simulations that in turn
can provide information about the significance of each growth stage on film
microstructural evolution. Using this notion one would be able to design growth
strategies to optimize film properties and performance in technological applications,
e.g., optimizing optical and electrical properties of Ag films in low-emissivity windows.
The pulsing frequency dependence on the microstructural evolution can also be used
as a tool to determine effective diffusion and coalescence times. By measuring and
observing the evolution of the island density at different growth stages, conditions at
which characteristic times for diffusion and coalescence become comparable to the
time-scale of the modulation of the vapour flux can be accurately identified. This, in
turn, can be used to determine surface diffusion and coalescence time constants at
various growth conditions.
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Figure captions

Fig. 1. Evolution of stress-thickness product during growth of high (Ag) and lowmobility (Mo) metallic films. The incremental stress value can be calculated from the
slope of the stress-thickness curve (unpublished data from Magnfält).

Fig. 2. Intrinsic stress () and the stress-free lattice parameter (a0) of Mo films grown
by HiPIMS as function of peak target power density. It should be pointed out that
increase of peak target power density lead to larger ion content in the deposition flux
as well as to larger ion energies (data taken from Magnfält et al. [12]).

Fig. 3. Qualitative effect of temperature (T) and time-averaged deposition flux (F) on
the island density estimated using Eqs. (1) to (3).

Fig. 4. Diffusivity regimes and scaling relations of nucleation density in pulsed
deposition (after Jensen and Niemeyer [10]).

Fig. 5. Effect of pulsing frequency on the thickness at which a continuous Ag film is
formed on SiO2. Data for films grown using a continuous deposition flux in the same
average growth rate as that of the pulsed flux as also presented for reference (data
for pulsed deposition are from Magnfält et al. [13] while data for continuous
deposition are unpublished results by Elofsson)
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